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ABSTRACT 
Hydrogen embrittlement is a significant and pervasive phenomenon in many structural metals 
applications, but the underlying physical mechanism is not yet fully understood. The mechanism 
for hydrogen-induced intergranular failure of polycrystalline nickel was investigated in a series 
of uniaxial slow strain rate tensile tests in hydrogen-charged and uncharged specimens. The 
evolution of deformation microstructures was compared in the presence and absence of hydrogen 
at different length scales to evaluate changes in mechanical response. Dislocation 
microstructures were systematically interrogated utilizing the focused ion beam (FIB) liftout 
technique for extraction of site-specific specimens for transmission electron microscopy (TEM). 
Mesoscale and macroscale deformation responses were analyzed on specimen surfaces using 
electron backscatter diffraction (EBSD) both before and after straining. 
The first set of experiments compared the deformation microstructures which developed across 
grain boundaries in uncharged and hydrogen-charged specimens strained to failure. It was found 
that hydrogen accelerated the evolution of the dislocation microstructure and reduced the 
formation of steps on grain boundaries. It was determined that hydrogen altered the ability of 
grain interiors to respond to constraints imposed by grain boundaries and accelerated the 
evolution of deformation microstructures even in regions far removed from the fracture surface. 
The second set of experiments compared the deformation of hydrogen-charged and uncharged 
specimens strained to equivalent bulk elongations. Microstructures of selected regions on the 
free surface were mapped in EBSD before and after straining, and dislocation structures in grain 
interiors were compared quantitatively via TEM. It was found that in addition to reducing 
dislocation cell size and increasing dislocation density, hydrogen increased orientation deviations 
that developed within grains, decreased rotation of the grain average orientation with respect to 
the loading direction for individual grains, decreased texture development, decreased changes to 
grain morphology, and decreased elongation of grains along the tensile loading direction when 
compared to uncharged specimens at the same bulk strain level. Consequently, in the presence of 
hydrogen, the enhanced plasticity at the microscale became increasingly difficult to detect via 
measurements made at larger length scales such that at the macroscale, ductility appeared to be 
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reduced. This was observed despite observations that hydrogen acted definitively to enhance 
plasticity at the microscale from the initial stages of deformation microstructure development.  
It was determined that this occurred because hydrogen enhanced local dislocation activity within 
grain interiors, particularly in response to local constraints, allowing for significantly increased 
work-hardening in the grain matrix and less homogeneous response within grain interiors to the 
applied stress. Dislocation transport of hydrogen to the grain boundaries weakened the 
boundaries, and the internal hardening of grains decreased their ability to maintain compatibility 
with adjacent grains, such that fracture was initiated. The number of microcracks that formed 
upon initiation of failure was correlated with the strain developed at the onset of failure, 
demonstrating that plastic deformation was correlated with developing local conditions favorable 
for damage nucleation. The results were interpreted based on known effects of hydrogen on 
plasticity and micromechanical processes. 
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As climate change becomes increasingly evident and the supply of fossil fuels dwindles, 
renewable energy technologies represent an increasingly promising avenue to reduce carbon 
footprints around the globe and reduce reliance on fossil fuels. However, many renewable energy 
sources such as wind or solar do not produce on demand and require significant energy storage in 
off-peak production times, such as when wind speeds are low or at night [1]. Hydrogen gas, 
produced from water through electrolysis, is a promising means of energy storage with a high 
efficiency [2]. Hydrogen gas has the greatest potential to be used as an alternative fuel in the 
transportation sector, for example in fuel cell electric vehicles which are already in use in Japan, 
California, and Europe [1, 3, 4]. However, the replacement of a significant fraction of fossil fuel 
consumption with hydrogen fuel utilization faces significant barriers, particularly in the cost of 
developing a hydrogen gas production, transportation, and utilization infrastructure [5]. 
One of the most significant barriers to implementation of a hydrogen-based energy infrastructure 
is the phenomenon of hydrogen embrittlement [6]. High concentrations of hydrogen gas have 
been shown to significantly degrade mechanical properties such as ductility, fatigue life, wear 
resistance, crack growth rates, and fracture toughness of almost all structural metals in service 
conditions [7]. Effective utilization of hydrogen gas as an energy carrier requires storage and 
distribution of hydrogen, for example in tanks or through pipelines, at pressures up to 70 MPa 
which are highly deleterious to the integrity of structural materials [3]. Consequently, design of 
metal storage containers that can withstand these pressures and the loading-unloading cycles of 
refilling and emptying tanks is extremely costly.  
Hydrogen embrittlement is not limited to alternative energy applications, and adversely affects a 
broad range of structural metals applications such as underwater welding, metals fabricated with 
hydrogen present in the melt, structural applications near aqueous environments such as in 
bridges, ships, or underwater structures, and many nuclear and petrochemical industrial 
applications [8, 9]. Hydrogen embrittlement can cause catastrophic failure of structural materials 
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within fractions of their expected lifetimes, for example as occurred in 2013 during construction 
on the Bay Bridge in San Francisco, where high-strength steel anchor failed within months of 
installation due to hydrogen in the seawater [9]. Additionally, hydrogen embrittlement has been 
shown to be increasingly severe with increasing material yield strength, showing a stronger 
effect for high-strength steels [10] and increasing the difficulty of protecting against the effects 
of hydrogen in applications requiring high strength. 
The physical underpinnings driving hydrogen embrittlement have been investigated extensively 
for decades, such that a wealth of data from experiments and simulations has accumulated, as 
discussed in numerous reviews [11-17]. However, the exact mechanism remains heavily debated, 
and predictive capabilities regarding hydrogen-related failure or crack advance are not precise 
and rely primarily on empirical data. Consequently safety standards are demanding, making parts 
costly to implement and maintain, and development of novel alloys or designs is time-consuming 
and reliant on phenomenological information [6]. This need for a predictive model drives 
continued investigation into the development of a robust mechanism for hydrogen embrittlement. 
The development of predictive, physically-based models of material behavior is one of the 
greatest remaining challenges in materials science. The mechanical response of structural metals 
to nearly every type of loading has been investigated extensively for decades, yet there is still a 
need to develop a robust method for simulating accurately the evolution of stress and strain and 
determining the onset of failure. Part of this is a matter of length scale; at the microscale, 
material behavior is defined by the reactions of discrete atoms or defects, while at the 
macroscale, a material can often be treated as a continuum [18-22]. Microscale considerations 
have been shown to be essential to accurately simulating material response, particularly with 
respect to the onset and location of damage, but accounting for a large enough number of 
complex, discrete interactions at realistic spatial and temporal scales is computationally 
impractical for many current models. Additionally, there are many remaining questions 
regarding the relationships between micromechanical behaviors and bulk responses that must be 
answered experimentally at the intermediate mesoscale in order to develop accurate simulations. 
Incorporation of some microscopic mechanisms into continuum frameworks for deformed 
polycrystals has shown promise at the mesoscale. For example, crystal plasticity finite element 
models have incorporated dislocation-based behaviors across many grains to predict material 
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response to deformation [20, 23-25], although agreement with experiments is not perfect. 
Accurate prediction of material mechanical response and how failure is induced requires further 
understanding of the underlying physical processes and a linking of knowledge across length 
scales. 
1.1 References 
[1] U.S. Department of Energy, Office of Energy Efficiency & Renewable Energy, 
Alternative Fuels Data Center, 'Hydrogen Basics,' 2017. [Online]. Available: 
https://www.afdc.energy.gov/fuels/hydrogen_basics.html. [Accessed: 5 Sep 2017]. 
[2] T. Kousksou, P. Bruel, A. Jamil, T. El Rhafiki, and Y. Zeraouli, "Energy storage: 
Applications and challenges," Solar Energy Materials and Solar Cells, vol. 120, pp. 59-
80, 2014. 
[3] P. P. Edwards, V. L. Kuznetsov, W. I. F. David, and N. P. Brandon, "Hydrogen and fuel 
cells: Towards a sustainable energy future," Energy Policy, vol. 36, pp. 4356-4362, 2008. 
[4] K. Onoue, Y. Murakami, and P. Sofronis, "Japan’s energy supply: Mid-to-long-term 
scenario – A proposal for a new energy supply system in the aftermath of the March 11 
earthquake," International Journal of Hydrogen Energy, vol. 37, pp. 8123-8132, 2012. 
[5] A. Sauhats, H. H. Coban, K. Baltputnis, Z. Broka, R. Petrichenko, and R. Varfolomejeva, 
"Optimal investment and operational planning of a storage power plant," International 
Journal of Hydrogen Energy, vol. 41, pp. 12443-12453, 2016. 
[6] P. E. Irving, "Development of service life prognosis systems for hydrogen energy 
devices," in Gaseous Hydrogen Embrittlement of Materials in Energy Technologies, vol. 
2, R. P. Gangloff and B. P. Somerday, Eds.  Woodhead Publishing, 2012, pp. 430-468. 
[7] G. B. Rawls, T. Adams, and N. L. Newhouse, "Hydrogen production and containment," 
in Gaseous Hydrogen Embrittlement of Materials in Energy Technologies, vol. 2,  
Woodhead Publishing, 2012, pp. 3-50. 
[8] S. Pillot and L. Coudreuse, "Hydrogen-induced disbonding and embrittlement of steels 
used in petrochemical refining," in Gaseous Hydrogen Embrittlement of Materials in 
Energy Technologies, vol. 2,  Woodhead Publishing, 2012, pp. 51-93. 
[9] Y. Chung and L. K. Thomas, "High strength steel anchor rod problems on the new bay 
bridge: Revision 1," Toll Bridge Program Oversight Committee, California, Nov. 2013. 
[10] C. J. McMahon Jr, "The role of grain boundaries in hydrogen induced cracking (HIC) of 
steels," in Gaseous Hydrogen Embrittlement of Materials in Energy Technologies, vol. 2, 
R. P. Gangloff and B. P. Somerday, Eds.  Woodhead Publishing, 2012, pp. 154-165. 
[11] S. Lynch, "Hydrogen embrittlement phenomena and mechanisms," Corrosion Reviews, 
vol. 30, p. 105, 2012. 
[12] I. M. Robertson, et al., "Hydrogen embrittlement understood," Metallurgical and 
Materials Transactions B, vol. 46, pp. 1085-1103, 2015. 
[13] W. Gerberich, "Modeling hydrogen induced damage mechanisms in metals," in Gaseous 
Hydrogen Embrittlement of Materials in Energy Technologies, vol. 2, R. P. Gangloff and 
B. P. Somerday, Eds.  Woodhead Publishing, 2012, pp. 209-246. 
[14] R. P. Jewett, R. J. Walter, W. T. Chandler, and R. P. Frohmberg, "Hydrogen environment 
embrittlement of metals," Rockwell International Corp., Washington, U.S.A., 1973. 
3
[15] C. J. McMahon, "Brittle Fracture of Grain Boundaries," Interface Science, vol. 12, pp.
141-146, 2004.
[16] A. Nagao, M. Dadfarnia, P. Sofronis, and I. Robertson, "Hydrogen Embrittlement:
Mechanisms," in Encyclopedia of Iron, Steel, and Their Alloys,   CRC Press, 2015, pp.
1768-1784.
[17] M. Nagumo, "Hydrogen related failure of steels – a new aspect," Materials Science and
Technology, vol. 20, pp. 940-950, 2004.
[18] C. Bolme and A. Clarke. (2015) Closing the Mesoscale Gap. 1663: Los Alamos Science
and Technology Magazine. Available:
http://www.lanl.gov/discover/publications/1663/2015-january/_assets/docs/1663_23.pdf
[19] J. Hemminger, G. Crabtree, and J. Sarrao, "From Quanta to the Continuum:
Opportunities for Mesoscale Science," United States Department of Energy, Sept. 2012.
[20] R. Pokharel, et al., "Polycrystal Plasticity: Comparison Between Grain - Scale
Observations of Deformation and Simulations," Annual Review of Condensed Matter
Physics, vol. 5, pp. 317-346, 2014.
[21] A. D. Rollett, G. S. Rohrer, and R. M. Suter, "Understanding materials microstructure
and behavior at the mesoscale," MRS Bulletin, vol. 40, pp. 951-960, 2015.
[22] S. Yip and M. P. Short, "Multiscale materials modelling at the mesoscale," Nature
Materials, vol. 12, pp. 774-777, 2013.
[23] A. Ma, F. Roters, and D. Raabe, "On the consideration of interactions between
dislocations and grain boundaries in crystal plasticity finite element modeling – Theory,
experiments, and simulations," Acta Materialia, vol. 54, pp. 2181-2194, 2006.
[24] B. Devincre and L. Kubin, "Scale transitions in crystal plasticity by dislocation dynamics
simulations," Comptes Rendus Physique, vol. 11, pp. 274-284, 2010.
[25] F. Roters, P. Eisenlohr, L. Hantcherli, D. D. Tjahjanto, T. R. Bieler, and D. Raabe,
"Overview of constitutive laws, kinematics, homogenization and multiscale methods in
crystal plasticity finite-element modeling: Theory, experiments, applications," Acta
Materialia, vol. 58, pp. 1152-1211, 2010.
4
CHAPTER 2 
BACKGROUND AND LITERATURE REVIEW 
This chapter will review the current understanding in the literature on the following topics. The 
development of dislocation structures in FCC materials through the different stages of strain and 
mechanics of grain-scale plasticity will be introduced, followed by the influence of grain 
boundaries and the near-boundary region on the deformation microstructure. The effects of 
hydrogen on mechanical behavior and proposed mechanisms regarding hydrogen embrittlement 
will be reviewed next, followed by a review of the evidence regarding hydrogen interactions 
with grain boundaries.  
The focus will be on the deformation of Ni and hydrogen effects therein, although relevant 
supporting evidence regarding other metals will be mentioned when necessary. The goals of the 
chapter are to summarize the current state of knowledge on the discussed topics, to highlight 
where the current knowledge is incomplete, and to illustrate the need for a better physical 
understanding of grain boundary and hydrogen effects on mechanical response.  
2.1 Plastic Deformation in FCC Metals  
2.1.1 Evolution of Deformation Microstructures 
In metals, the stress-strain response evolves in stages with distinct hardening behavior [1]. Each 
stage is correlated to different dislocation behavior and interactions.  
2.1.1.1 Stage I- Dislocation Glide 
Stage I initiates with the onset of plastic deformation in metal single crystals that are initially 
oriented for single slip, as shown in Figure 2.1 [2]. Stage I is characterized by a near-zero slope 
on the stress-strain curve, in other words very little work-hardening. After initiation of 
dislocation glide at the critical resolved shear stress, the strain can continue to increase with little 
increase in the flow stress if only one slip system is active since dislocation interactions are 
initially few [3]. Dislocations of the same type tend to form Taylor lattices or edge dislocation 
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dipole extended planar structures in Stage I, according to the activated slip [3]. Stage I behavior 
is generally limited to single crystals that are oriented for single slip at early stages of strain. 
Grains inside polycrystals are exposed to boundary constraints that create compatibility stresses 
and strains which generally activate additional slip systems, especially near grain boundaries [4]. 
Stage I behavior ends for single crystals when additional slip systems are activated to 
accommodate the constraints imposed by the testing apparatus [5].  
Figure 2.1. Resolved shear stress and shear strain curve for single crystal Cu, with Stage I, II, and III stress-strain behavior 
regimes demarcated. Adapted from [6]. 
2.1.1.2 Stage II- Work-Hardening 
Stage II begins when multiple slip is activated, which occurs near the onset of plastic 
deformation in single crystals oriented for multislip or for grains inside polycrystals. Stage II is 
characterized by a regime of linear work-hardening wherein increasing strain increases the flow 
stress at an approximately constant rate [5]. The increase in flow stress is attributed to the 
formation of jogs and other sessile crystallographic defects that inhibit dislocation slip [7], for 
example like those shown in Figure 2.2a, such that the flow stress increases approximately with 
the square root of the intersecting or forest dislocation density [6].  
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 Figure 2.2. a) Dislocation tangles in polycrystalline Ni in early stages of deformation, b) dislocation cells formed in 
polycrystalline Ni subject to increased deformation. Adapted from [8]. 
During Stage II, dislocations begin to self-organize into cell structures consisting of dislocation 
walls with a high local density of dislocations and dislocation cell interiors with a significantly 
lower dislocation density, as shown in Figure 2.2.2b [9]. The organization of these dislocations 
serves to offset the global increase in flow stress by locally decreasing the shear stress between 
dislocations [3]. From a continuum perspective, the internal strain energy is decreased due to 
clustering of dislocations [10] and decreased flow stress with increasing microstructural 
heterogeneity [11] compared to a uniform dislocation distribution. At the dislocation scale, 
internal strain energy is considered to be decreased due to organization of dislocations because 
the shear components of dislocation elastic stress fields are screened by dislocations of the same 
Burgers vector, and normal stress components are screened by dislocations of different Burgers 
vector [3, 12, 13].  
The development of strain energy is further reduced by segmentation of crystals or grains within 
a polycrystal into sub-regions that deform with different active slip systems, also known as cell 
blocks or crystallites [14]. Crystallites deforming with fewer than the five slip systems necessary 
for geometric compatibility have less intersecting slip, and so create fewer sessile defects and 
dislocation intersections with a high local strain energy [12]. Multiple crystallites within a grain 
can together satisfy the five-slip-system criterion for geometrically compatible bulk deformation. 
The formation of these cell blocks or crystallites illustrates the importance of the number of 
active slip systems [3].  
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Cell blocks comprise incidental dislocation boundaries (IDBs), in other words mostly equiaxed 
dislocation cells, which are created by mutual trapping of glide dislocations on the internal slip 
systems and generally exhibit low misorientations across them (1-2°) [15]. The low 
misorientations across IDBs have led researchers to consider them as comprising primarily 
mutually-trapped dislocations [15]. IDBs have a high content of “redundant” dislocations, such 
that a large portion of the constituent dislocations are balanced out by dislocations of equal and 
opposite Burgers vector, yielding a near-zero net Burgers vector across the IDB wall [16, 17]. 
Cell blocks or crystallites are bounded by geometrically necessary boundaries (GNBs), which are 
comprised of accumulated dislocations from the active slip of the two adjacent crystallites and 
geometrically necessary dislocations (GNDs) in addition to redundant dislocations. GNDs are 
any dislocations that accommodate a local misorientation, for example the difference in rotations 
that occur in neighboring cell blocks. GNBs have fewer redundant dislocations, so they generally 
exhibit misorientations of 5° or higher [18].  
Dislocation structures formed in Stage II hardening are also characterized by similitude, which 
can apply to multiple microstructural relationships. Similitude relationships are defined as those 
for which properties maintain the same form of their relationship with increasing strain. For 
example, the dislocation spacing is observed to be proportional to the cell size or the mean free 
path of dislocation travel between obstacles/walls, all of which shrink with increasing strain and 
dislocation density, thus maintaining similitude [6, 10]. Similitude has also been shown to apply 
to the distribution of misorientation angles across dislocation walls (when normalized by the 
average) with strain across multiple hardening stages of stress-strain response, although only 
when IDBs and GNBs are considered separately [15, 19]. This has been taken to indicate that the 
same dislocation processes occur throughout Stage II but with a refinement in scale [3]. 
Additionally, it has been shown that dislocation cell size, which shrinks with increasing strain, is 
inversely proportional to the flow stress, as shown for several different metals in tk. These 
relationships, along with knowledge of IDB and GNB formation, are essential aspects of the 
current understanding of strain evolution and microstructure development in Stage II and are the 
foundation of work-hardening theory. 
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 Figure 2.3. Normalized flow stress in shear with respect to dislocation cell size on logarithmic coordinates. Adapted from the 
review [20]. Individual references for different experiments given in [20]. 
Near the end of Stage II, the dislocation cell or wall structure has refined and contains small cells 
bounded by dense dislocation walls in the lowest energy configurations [21]. At large dislocation 
densities, additional dislocation slip on the same slip systems cannot be accommodated by 
further refinement of cells without a large increase in internal energy, so other mechanisms of 
accommodation become dominant, changing behavior to Stage III. 
2.1.1.3 Stage III - Dynamic Recovery 
Stage III is characterized by a significant decrease in the work-hardening rate, which is 
accompanied by the changing of previously constant similitude relationships regarding 
dislocation density, cell size, and flow stress [22]. The smooth transition in hardening rate 
indicates a fundamental, if gradual, change in dislocation processes, and is taken to indicate the 
onset of cross-slip and annihilation processes (although it is considered that annihilation 
necessitates cross-slip as well) [23]. This is supported by observations of the temperature-
dependence of cross-slip and dynamic recovery [1], as well as observations that dislocation cells 
shrink in size less during Stage III than during Stage II, but generally begin to exhibit larger 
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misorientations [23]. Eventually, dislocation cells become “subgrains”, or very small 
neighboring regions bounded by dislocations and other crystallographic defects that are of such 
different orientation that different slip is activated between them [18]. The most important aspect 
of this regime is the reduction in stress by dislocation and other defect annihilation mechanisms. 
Other means of strain relief have been observed to occur when dislocation cells have reached a 
minimum size and can no longer refine. For example, deformation twinning has been observed in 
certain metals, considered to occur as a function of the unstable stacking-fault energy [24], and 
has been observed to appear as a late-stage strain relief mechanism when dislocation cell 
refinement is exhausted [25]. In Ni, so-called “second-generation” microbands have been 
observed to relieve strain in severely deformed microstructures [26]. Microbands are defined as 
dislocation structures with thin walls separated by approximately 100-200 nm which contain 
regions misoriented from the surroundings. They are observed to shear existing dislocation cell 
structures and form shear steps at their tips, as well as transmit across grain boundaries [26]. 
First-generation microbands form inside GNB walls beginning in the early stages of 
deformation, and separate regions misoriented from each other. Second-generation microbands 
form in Ni subject to torsion or rolling at strains approximately 50% or higher, and separate 
regions that are not misoriented on either side, although the region within the microband is 
misoriented from the surrounding matrix by approximately 3-5° [26]. Second-generation 
microbands are more prevalent in more heavily constrained modes of deformation, which has 
been taken to indicate that they represent a mechanism of strain relief when constraints are high 
and dislocation cells have refined significantly [26]. 
Stage III can be followed by Stage IV, which represents a constant, linear work-hardening 
regime, albeit at a smaller rate than in Stage II, as well as Stages V and VI [23]. However these 
large-strain regimes are generally only observed in rolling, torsion, or elevated-temperature tests, 
so are not included in the current review. 
  
10
2.1.2 Orientation Effects 
2.1.2.1 Orientation Effects on Strain Response 
In FCC metals with medium-to-high stacking-fault energy, the stress-strain behavior and work-
hardening development has been shown to depend on crystallographic orientation to the tensile 
axis, for example as shown in Figure 2.4 for single crystals of Al. 
 
Figure 2.4. Stress-strain curves for Al single crystals dependent on orientation (indicated in the stereographic triangle inset) and 
polycrystals. Adapted from [27]. 
Crystals oriented with <111> parallel to the tensile axis exhibit, on average, the highest work-
hardening rates and least dynamic recovery, those oriented near <001> exhibit some work-
hardening but enhanced recovery compared to <111>, and crystals oriented near <011> and in 
the middle of the stereographic triangle exhibit the lowest work-hardening rates [28]. The latter 
category is oriented for single or double slip, in other words, grains with these orientations are 
expected to have little intersecting slip initially and exhibit Stage I behavior. This has been 
shown to apply for individual grains within a polycrystal as well, dependent on their initial 
orientation to the loading direction [29]. 
<001>- and <111>-oriented grains are each oriented for multislip, but differ in the number of slip 
systems and the propensity for cross-slip. For <111> grains, six independent slip systems are 
active, and cross-slip is difficult and inhibited by the applied stress [30]. <001> grains slip on 
eight systems, but cross-slip is aided by the applied stress. Thus, despite the greater number of 
intersecting slip systems in <001> grains, the work-hardening rate is lower than in <111> grains 
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because dislocations can cross-slip and annihilate more easily. This result was confirmed in low 
temperature experiments for which thermally-activated cross-slip was inhibited, wherein <001> 
grains were observed to harden more quickly than <111> grains [31].  
These observations provide an important link between the dislocation processes that occur within 
a crystal, particularly the number of slip systems and type of dislocation motion, and the stress-
strain behavior. The behavior was related to slip systems and dislocation structures via TEM. 
2.1.2.2 Slip System Activity and Dislocation Structure Formation 
Extensive studies of deformed, medium-to-high stacking-fault energy, polycrystalline FCC 
metals via TEM indicated a dependence of the dislocation structure formed during straining on 
the initial orientation of the grain with respect to the loading direction [29]. The results showed 
that the stereographic triangle can be divided into three regions depending on the dislocation 
structures that form.  
Type I structures develop in grains with the tensile axis oriented near the center of the 
stereographic triangle and comprise a single set of dense, planar GNBs that lie within 5° of a 
primary crystallographic slip plane [32]. The grains are oriented for single or double slip 
initially, according to which slip systems experience the maximum Schmid factor [2]. An 
example of this type of structure is shown in Figure 2.5a. 
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 Figure 2.5. Dislocation structures formed dependent on grain initial orientation, a) Type I structure, b) Type II structure, c) Type 
III structure, and d) division of stereographic triangle by dislocation structure formation. Adapted from [32]. 
Type-II-structured grains are oriented for near-equal activation of approximately eight slip 
systems, which can be classified as multiple activation of codirectional slip systems oriented for 
“easy” cross-slip (cross-slip that is aided by the applied stress) [33]. This type of slip leads to 
formation of equiaxed cell structures without regular, crystallographic, planar GNBs, as shown 
in Figure 2.5b. The equiaxed structures are linked with cross slip because cross slip allows for 
3D mobility of dislocation slip, which allows for formation of the lowest-energy structures, 
purported to be equiaxed cells [13, 21].  
Type III grains are oriented for approximately equal activation of six independent slip systems, 
each of which is conjugate, codirectional, or coplanar with another system [33]. Type III grains 
typically exhibit one to three sets of planar GNBs, although these are typically not aligned with 
slip planes, but (135)- or (115)-type planes. An example of this type of structure is shown in 
Figure 2.5c. 
Due to the multiple similar but not identical definitions of GNB used in the literature, a 
clarification of the nomenclature to be used in the rest of this work will be made here. GNBs 
were originally labeled as those boundaries separating crystallites that rotate differently during 
the evolution of strain, develop different dislocation structures, have relatively lower dislocation 
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densities compared to the GNB walls, have different activities of slip systems, or some 
combination of all of these, with misorientations across the GNB of 10° or larger [14]. As TEM 
studies evolved, particularly in large-strain structures (30%-98% strain), GNBs were redefined as 
the straight, extended, planar dislocation walls found in Type I and Type III structures, still 
separating regions of different slip activity, but now representing misorientations of 
approximately 5° or larger [29]. The two definitions of GNBs are not necessarily contradictory 
and can often be taken to be the same at larger strains, but may be confusing at low strains where 
extended, planar dislocation walls represent smaller misorientations.  
For the purposes of this discussion, the term GNB will be used refer to boundaries representing 
large misorientations (5° or larger) and separating either large crystallites (regions 3 μm across or 
larger) or dense dislocation bands. The terms compact microband and dislocation band are used 
to describe straight, planar dislocation structures that may be incipient GNBs, but represent 
smaller misorientations at low strains. 
The effects of the initial orientation of the grain were prevalent in both single and polycrystals, 
such that even in polycrystalline aggregates the grain orientation was shown to be the dominant 
factor determining dislocation structure [32]. Consequently, the strong effect of crystal 
orientation on stress-strain behavior is attributed to the dislocation microstructure that is formed. 
This effect was further demonstrated with respect to rotation of the crystal lattice and 
development of texture. 
2.1.2.3 Lattice Rotations and Texture Development 
Under straining, FCC metals such as Ni tend to rotate toward a final orientation with <111> near 
parallel to the tensile axis, after which they continue to deform with little bulk rotation of the 
lattice [34-37]. This leads to the development of a preferred <111> texture upon significant 
straining in polycrystals [38]. Not all grains attain this final orientation, and the strain path and 
final orientation are influenced most strongly by the initial orientation. The stereographic triangle 
can be divided into approximately four regions based on the lattice rotation typically observed, 
which are not the same as the subregions of dislocation structure, as indicated in Figure 2.6a and 
b [39, 40].  
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Region 1 grains, initially oriented near the <011> corner of the stereographic triangle, exhibit 
large rotations towards the <001>-<111> line, as indicated in Figure 2.6a and b.  Region 2 grains 
initially rotate toward the <001>-<111> line, then towards a final orientation near <111>. Region 
3 grains rotate directly to <111>. Region 4 grains, located near the <001> corner, were not 
observed to rotate toward a preferred final orientation, instead exhibiting approximately random 
strain paths of low magnitudes such that some <001> orientations are maintained even at larger 
strains [35]. 
 
Figure 2.6. a) Measured strain paths based on grain initial orientation, b) regions of different rotation behavior, c) subdivisions 
based on lattice rotation behavior (dashed lines) and dislocation structure formation (dotted lines). Adapted from [39]. 
The regions of different lattice rotation do not correspond exactly to the regions of different 
dislocation structure, as shown in Figure 2.6c. Although a slight correlation was made to the 
number of active slip systems, which is the deterministic factor for dislocation structure type, the 
rotations were instead correlated to the relative activity of different slip systems within each 
region [39-41].  
Enhanced activity on secondary slip systems relative to the primary slip systems was shown to 
decrease the magnitude of the rotation. When equal activation of multiple systems occurred, as 
near the <001> and <111> corners of the stereographic triangle, rotations tended to be smallest 
[39]. A larger proportion of slip on fewer slip systems, such as in single or double slip, was 
observed to yield larger rotations away from the initial lattice orientation. This was attributed to 
dislocations on a single slip system acting in a coordinated manner to rotate the crystal, while 
multiple slip systems comprising dislocations with different Burgers vectors gliding on different 
planes tended to interact and produce less bulk rotation [39]. Region 4 grains near the <001> 
corner then were expected to rotate the least because not only do they generally contain 
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orientations which exhibit activation of the largest number of slip systems, but the easy cross-slip 
and annihilation mechanisms in this region cause fluctuations in total Burgers vector content. 
Further, it has been shown that when eight slip systems are active, three degrees of freedom are 
left, so rotations can take place in any direction, while when only six are available, as is the case 
near the <111> corner, rotations are restricted to a single axis [42]. 
The active slip was shown to change as the crystal rotates, so that once crystals rotate to have a 
different region of the stereographic triangle parallel to the tensile axis, new slip systems are 
activated and the rotation path evolves with strain [39]. Additionally, the rotations were observed 
to evolve differently intragranularly, indicating a heterogeneous development of rotation due to 
different slip in different crystallites [38, 43].  
As mentioned previously, the multiplicity of slip has been shown to affect the work-hardening 
behavior. An increasing number of intersecting slip systems decreases the long-range normal 
stresses of dislocation structures, but increases work-hardening and is generally energetically 
unfavorable compared to formation of regions with fewer active slip systems [7]. Thus, the 
rotation of the lattice from the initial orientation to a final orientation can be correlated with the 
work-hardening behavior, such that smaller rotations are correlated with increased work-
hardening, both of which are dependent on the orientation through the activated slip.  
2.1.3 Effects of Slip Planarity 
Slip planarity, which has been purported to increase as stacking-fault energy decreases or with 
changes to shear modulus and solute content [44], has been shown to affect bulk response in a 
similar way to dislocation structure formation. Increased slip planarity, which is often a result of 
inhibited cross-slip, generally has effects similar to reducing the number of active slip systems. 
Particularly, as slip planarity increases, lattice rotations are generally larger, work-hardening is 
delayed, and the work-hardening rate is lower than for similar conditions with less planar slip [3, 
13]. However, this can be highly dependent on orientation, for example some planar-slip HCP 
materials exhibit little work-hardening when oriented for easy glide, but are highly brittle at 
other “hard” orientations. Generally, this is attributed to a decrease in intersecting slip and cross-
slip, which leads to lower work-hardening rates [3].  
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The effects of the number of slip systems, relative slip system activity, grain orientation, and slip 
planarity on the strain response are thus linked across length scales, from the type of dislocation 
slip activated, to the type of structures formed by agglomerates of these dislocations, up to the 
dependence of the stress-strain response on the dislocation structures. 
Although many of these plastic deformation characteristics are consistent for grain interiors in 
polycrystalline metals, grain boundaries and the grain boundary regions have a significant 
influence on the deformation response. In order to effectively understand the evolution of strain 
in polycrystals, it is necessary to review the current knowledge of grain boundary effects. 
2.2 Influence of Grain Boundaries on Deformation 
At the most basic level, grain boundaries affect the evolution of strain because two adjacent 
crystals deform differently in response to an applied stress in a material that is not perfectly 
isotropic. In order to maintain continuity at the boundary, so-called “compatibility” stresses and 
strains are induced which decrease in magnitude with distance from the boundary [4, 45]. These 
compatibility constraints can induce additional slip in or near the grain boundaries on systems 
that would not be predicted to be active in a grain due to the orientation of the grain to the 
applied stress. This can create a grain boundary rim or mantle region which deforms differently 
than the grain interiors, typically exhibit high deviations from the grain mean orientation with 
increasing strain or different rotations [36, 37, 41, 46-48]. Additionally, grain boundaries can act 
as sinks and sources for dislocations, sinks for solute particles, and interfacial phase or 
complexion transitions [2, 49, 50], all of which can affect bulk and local deformation.  
2.2.1 Dislocation-Grain Boundary Interactions 
2.2.1.1 Nucleation and Emission of Dislocations from Grain Boundaries 
Grain boundaries have been shown to be important sources of dislocations, particularly in the 
early stages of strain [49, 51]. Nucleation can occur from ledges or ledges may be formed during 
the nucleation event, indicating that the boundary structure develops with plastic deformation [4, 
52]. It has been shown in simulations that the energy barrier for dislocation nucleation decreases 
as grain boundary interfacial energy increases, and that dislocation nucleation from a stressed 
boundary can decrease the interfacial energy [53, 54]. Other works have indicated that emission 
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is mediated by the boundary free volume/free energy [55, 56], which is a function of grain 
boundary structure and evolves with applied stress [56, 57], while others have indicated that a 
criteria for dislocation nucleation can be derived from the local resolved shear and, to a lesser 
extent, normal stresses [58].  
Although it has been determined in both experimental and simulation studies that the local stress 
conditions and interfacial energy are correlated to the nucleation and emission of dislocations, 
development of specific criteria for dislocation generation is ongoing. Nucleation and emission 
of dislocations are not only important for the initiation of slip, but also for the communication 
and transmission of strain between grains as plastic strain evolves.  
2.2.1.2 Dislocation Interactions with Grain Boundaries 
Grain boundaries represent complex barriers to easy glide of dislocations such that they do not 
simply block slip, but can exhibit a plethora of interactions [59, 60]. The type of interaction 
observed does not depend solely on the relative orientations of the two grains, as was suggested 
in some early studies [61], but can be influenced by grain boundary energy and local inclination 
[53, 54, 62], impurity content [63], strain history [64, 65], the resistance to dislocation slip in 
surrounding grains [66, 67], and local characteristics [60].  
In situ TEM straining experiments were performed to determine the rules governing the 
microstructural accommodation and transmission of plastic strain at grain boundaries [60, 63-65, 
67-75]. It was revealed that lattice dislocations that intercepted a grain boundary may exhibit 
several interactions with the grain boundary, including the following.  
Dislocations could remain in their original grain due to reflection away from the boundary and 
cross-slip onto a different slip plane [76]. This did not necessarily involve dislocations 
intercepting the grain boundary plane. 
Dislocations that intercepted the boundary could be accommodated in the boundary in different 
ways. In some cases, they maintained their original lattice Burgers vector, remaining extrinsic to 
the boundary, while in others, they were incorporated into the grain boundary coordinate system 
and became intrinsic dislocations [70, 73]. Dislocations intrinsic to the boundary that dissociated 
could then slip along the boundary plane, propagating plastic strain along the boundary [77].  
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After accommodation of dislocations in the grain boundary, local stress concentrations were 
observed to induce nucleation and emission of new dislocations, either at the point of 
interception of incoming dislocations or some distance away if incorporated dislocations were 
mobile along the boundary plane [72]. New dislocations were either back-emitted into the 
original grain or emitted into the adjacent grain. Emission of new dislocations left a residual 
dislocation in the grain boundary with a Burgers vector equal to the difference between the 
Burgers vectors of incoming and outgoing dislocations, leaving a step in the boundary plane 
[71]. In this way, strain was communicated across grain boundaries and adjacent grains 
accommodated plastic deformation while maintaining compatibility at the microscale. 
In situ TEM straining experiments and other recent work have indicated that the most important 
factor determining the dislocation reaction that will occur is the magnitude of the Burgers vector 
of the residual dislocation that is induced in the boundary by the reaction [60, 64, 68, 70, 71, 78]. 
Development of residual dislocation content in the boundary was shown to increase the local 
misorientation and disorder in the boundary, in other words the local strain energy density [77]. 
Thus the reaction will occur that leaves a residual dislocation with the smallest possible Burgers 
vector and minimizes the increase in local strain energy density [60, 64, 68, 70, 71, 78]. The 
local resolved shear stress developed by incoming dislocations has some influence, particularly 
when emission of dislocations into the adjacent grain is inhibited due to precipitate or irradiation 
hardening [67], but this was shown generally not to be dominant except in systems with 
hardened matrices, nor was the boundary type [60]. This was a critical finding as it allowed 
researchers to apply a concrete criterion to predict slip and strain development across grain 
boundaries in polycrystals [78, 79].  
2.2.2 Deformation Microstructure Adjacent to Grain Boundaries in Bulk  
The development of strain near grain boundaries due to many dislocation interactions has been 
shown to be complex and represents a major challenge in predicting material behavior. Regions 
within approximately 1-10 μm of the grain boundary, termed the grain boundary mantle, will 
generally exhibit different deformation characteristics than the grain interior, most often showing 
a higher dislocation density, greater activation of multiple slip systems [32, 80-82], weaker 
texture [83], significant changes in topography on the free surface [80], and greater local 
misorientation or lattice curvature [47, 84-87], although many grains can show little influence of 
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the boundary [88]. Generally, the mantle region in grains in FCC [89-92], BCC [78, 93, 94], and 
HCP [59, 66, 95] metals has been shown to exhibit secondary or even tertiary slip traces near 
grain boundaries, and have been used to explain enhanced work-hardening in the mantle [80]. 
The distance that the mantle extends into grain interiors has been shown to be proportional to the 
difference in Taylor factor between the adjacent grains [96]. In other words, the grain boundary 
mantle regions are most significantly affected by compatibility constraints, and the influence of 
neighboring grains on deformation in an adjacent grain interior increases with decreasing 
compatibility [4]. 
Activation of secondary slip and development of dislocation structures near boundaries is both 
complex and highly localized, and capturing the spatial variations requires more rigorous 
treatment than is available using bulk parameters such as the applied stress [81, 90-92, 94, 97-
99]. Methods of predicting the communication of slip between grains in bulk polycrystals based 
on minimizing the magnitude of the Burgers vector of the residual dislocation left in the 
boundary have shown good agreement with experimental results [78, 98]. However, such 
methods of predicting near-boundary slip activation have not yet been scaled up to predict 
continuum responses near grain boundaries such as enhanced misorientation [100], increased 
strain heterogeneity, larger rotations from the initial orientation [101], or increased lattice 
curvature [46, 47] at large strains. Further, many larger-scale measurements such as EBSD or 
SEM analysis are performed on free surfaces, which are less constrained than interior grains and 
may exhibit different responses. For example, misorientations have been shown to be higher at 
specimen surfaces than in the interior [46, 47], generally within approximately 5 μm of the 
specimen surface. These effects must be accounted for when investigating the development of 
deformation microstructure in a bulk polycrystal. The relationship between slip activity and bulk 
deformation characteristics, particularly at grain boundaries and in the specimen interior, is 
crucial to understanding and accurately modeling deformation in polycrystalline materials [102].  
The deformation of the grain boundary region is intimately tied to the movement and shape 
changes of grains during deformation, however the plastic evolution of the grain boundary itself 
must also be considered.  
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2.2.3 Evolution of Grain Boundary Structure with Strain 
It has been well established that grains elongate parallel to the tensile axis during uniaxial 
straining, such that grain boundaries tend to align closer to parallel to the tensile axis with strain 
[87, 101, 103-106]. The change in grain boundary orientation does not scale precisely with grain 
elongation along the tensile axis, indicating that some of the rotation of grain boundaries is due 
to microscale plastic deformation changing the boundary itself relative to the surrounding grains 
[43, 107].  
Investigations of mechanisms of grain boundary rotations or migration have largely concentrated 
on the high-temperature regime for which sliding, dislocation climb, and diffusion are available 
[108] or in nanocrystalline materials for which grain boundary-mediated plasticity mechanisms 
dominate over dislocation-based mechanisms [109]. Intermediate and low-temperature studies on 
bicrystal or nanocrystalline materials, primarily simulations, have indicated that motion or 
rotation of grain boundaries can be accomplished by dissociation of lattice dislocations in the 
grain boundary plane [110, 111], emission of dislocations into adjacent grains producing a 
boundary disclination [111], or deformation in the boundary plane or within a mantle region, 
such that the grain interior can remain largely unaffected [112-114]. Coupling of the translation 
of grain interiors to the grain boundary motion has also been investigated in simulations, 
although the exact mechanisms have yet to be defined [115]. There is some evidence that grain 
boundary energy is positively correlated with misorientation development in the mantle [84], 
although evidence of the influence of other boundary characteristics such as boundary type and 
inclination has not yet been explicitly defined [115], and this work has primarily been applied to 
nanocrystalline metals. These studies indicate that grain boundaries cannot be treated as 
completely static objects during deformation, but must be considered to evolve plastically with 
the surrounding grains [116]. 
Grain boundary migration, wherein grain boundaries extend for grain growth or reorient without 
observed interactions with discrete dislocations, is generally considered to be limited to high 
temperature regimes or nanocrystalline materials in which activity of discrete dislocations is 
suppressed [117, 118]. However, experiments on high-purity Al bicrystals have shown that grain 
boundary migration can occur at room temperature in large crystals as well, which was attributed 
to shear-coupled motion of intrinsic grain boundary dislocations for low-angle grain boundaries 
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[119, 120]. This mechanism would be difficult to reconcile with high-angle grain boundaries, 
however, which do not contain discrete dislocations. A mechanism for migration in coarse-
grained polycrystals has been proposed that relies on propagation of disconnections, or extrinsic 
dislocations that induce a step in the boundary plane, along the boundary plane, which may be 
supplemented by shear-coupling [121]. In situ TEM straining experiments have shown that 
decomposition of extrinsic lattice dislocations into grain boundaries, creating disconnections, 
followed by glide of those dislocations along the grain boundary plane can induce migration and 
rotation of grain boundaries [110, 122]. Although most of these studies were limited to the initial 
stages of strain, these results indicate that grain boundary step formation may be important to 
grain boundary deformation. 
Experimentally, dislocation bands intersecting grain boundaries in large-grained polycrystals 
often correspond with local steps, disruptions, or displacements in the grain boundary plane, both 
on the surface [43, 80, 93, 95, 123, 124] and in the interior [32, 49, 60, 73, 77, 80]. A sharp 
disruption or step in the grain boundary has been shown to be created by multiple dislocation 
interaction and emission events, indicating that the local misorientation and disorder created by 
dislocation interactions with the boundary can dictate the sites of boundary failure [77]. Slip 
band intersections with grain boundaries have been linked to locally high stresses, particularly 
where slip does not appear to be transmitted [95, 125], and to damage nucleation or crack 
initiation [77, 125, 126]. These insights indicate that the dislocation interactions with and 
disruption of the grain boundary must be considered in addition to the evolution of deformation 
in the mantle in order to build a complete understanding of polycrystalline plasticity and failure. 
However, the majority of these observations were performed at low strains or under specific 
conditions such as in fatigue loading or irradiated materials with hardened matrices [126, 127]. 
Thus, the role of slip transmission and grain boundary step formation in grain boundary 
deformation at large strains in monotonic loading conditions remains generally unclear. There 
remains a paucity of knowledge of the relationship between relative rotation of grain boundaries, 
rotation of the lattice within adjacent grain mantles, local deformation processes, and grain shape 
changes during deformation. The reviewed results indicate that there is a link between the local 
plastic deformation evolution and eventual failure, but the mechanisms guiding the process have 
yet to be explicitly defined. 
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2.2.4 Remaining Challenges 
2.2.4.1 Developments in Modeling  
The wealth of experimental evidence and theoretical knowledge of the evolution of deformation 
and grain boundary effects provide the basis for formulation of models that would allow 
researchers to design more effectively. The development of accurate models of deformation and 
failure remains one of the primary challenges in the field. 
At the microscale, several molecular dynamics (MD) simulation techniques have been developed 
to predict dislocation-grain boundary interactions for a single dislocation interacting with a grain 
boundary. Most studies found that the magnitude of the Burgers vector of the residual dislocation 
left in the boundary by the interaction dictates the interaction, in good agreement with 
experimental results [53, 128-132]. However, many found additional relationships that influence 
the reaction, for example the interfacial energy of the boundary was found to scale with the 
energy barrier for slip transmission [53, 132], and the local stress state at the dislocation-
boundary intersection was shown to affect the interaction [133, 134] as were the orientation of 
primary slip planes to the boundary [128] and the local free volume (a measure of grain 
boundary defect content) [56]. One model was developed that combined MD with dislocation 
dynamics (DD) simulations in order to simulate slip transmission when multiple dislocations are 
included in the interaction. It was found that the number of dislocations in the pileup and the 
evolution of microstructure with increasing number of slip transfer events affected the interaction 
that occurred [129, 130, 135], also in agreement with experimental results.  
MD and DD simulations have shown some discrepancies relative to experimental results, for 
example a greater tendency to exhibit dislocation mobility along grain boundaries [129, 136-
138], indicating that the full physical mechanisms are not always captured. MD is also generally 
limited to very small volumes of material, on the scale of a few thousand atoms, and high strain 
rates of 107 s-1 or higher, which may not represent dislocation behavior in bulk under normal 
strain rates and would have difficulty capturing the formation of dislocation walls and cells [54]. 
Yet the insights gained from these simulations represent a first step towards development of 
predictive models. 
23
At the continuum level, larger-scale models have simulated deformation development through 
the crystal plasticity finite element method (CP-FEM), which incorporates crystallographic 
information into FEM through the use of constitutive equations [102, 139]. These methods have 
been used to model the heterogeneous development of strain during work-hardening and 
dynamic recovery in polycrystalline metals [6, 22]. CP-FEM allowed for incorporation of 
dislocation-based mechanisms and intragranular stress gradients into bulk models without 
modeling individually each dislocation in a grain that can develop a dislocation density of 1014 – 
1016 m-2 during late-stage strain [102, 140]. In this way, CP-FEM methods balance the 
computational cost of integrating the most detailed local crystallographic information available 
with the accuracy afforded by doing so. 
CP-FEM models fall into a few general categories, for example those using phenomenologically-
obtained dislocation-density-based constitutive equations [139, 141], Fast Fourier Transform 
(FFT) methods that discretize the sample volume into Fourier points [142, 143], self-consistent 
(SC) methods that treat each grain as if it were an inclusion in a homogeneous medium [144-
148], or crystal-based methods that treat the material as a continuum, solving the constitutive 
equations at each point for a single crystal [102, 139, 149, 150]. Each method has shown some 
agreement with experimental results, and each has advantages and disadvantages (see [102, 139] 
for detailed comparisons). For example VPSC methods have shown an ability to accurately 
model texture evolution in highly anisotropic materials [145], and gradient crystal plasticity has 
shown the potential to model nucleation of a grain-boundary crack in a superalloy [151]. Thus 
CP-FEM models provide a promising avenue towards predicting material behavior, particularly 
when combined with knowledge of preexisting material configuration, such as that obtained by 
EBSD or x-ray analysis [125]. 
However, current models face two major obstacles. First, the details of how and where 
dislocations will initiate and form into walls and cells are not well-known, so models use average 
dislocation populations estimated from phenomenological observations and estimate active 
dislocation slip systems based on the Taylor factor [145, 152]. This has yielded reasonable 
agreement with some experimental observations, for example of flow stress [152], but will 
require incorporation of physically-based mechanisms in order to determine quantitatively 
accurate spatial depictions of deformation microstructure development [148, 153].  
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Second, these continuum models do not naturally lend themselves to incorporation of plastic 
grain boundary deformation and communication of plastic strain between grains [141]. One 
adaptive method has been developed that isolates the grain boundary mantle, then utilizes grain 
boundary shear to predict activated secondary slip systems [85, 154, 155]. Another study 
incorporated dislocation-grain boundary interactions in their model through an energy-based 
criterion for activation of dislocations in the vicinity of the boundary [141]. These methods 
found good agreement with qualitative predictions of texture development near boundaries, but 
illustrated room for improvement quantitatively. 
Moving forward, there is an apparent need to link dislocation microstructure formation at the 
microscale to bulk-scale continuum mechanics in order to accurately, quantitatively predict 
material response to strain, particularly with respect to grain boundaries. This link apparently lies 
at an intermediate length scale termed the mesoscale. 
2.2.4.2 Importance of the Mesoscale 
For this work, the macroscale will be referred to as the length scale above which a material can 
generally be treated as a continuum, with characteristic features several tens of microns or larger. 
The microscale will be treated as the length scale below which discrete interactions, such as 
those involving individual or few dislocations, must be considered to define material response, a 
few hundred nanometers to several dozen micrometers as in low and intermediate resolution 
TEM or MD modeling. The nanoscale is the scale regarding individual atoms, usually most 
relevant to high resolution TEM or density function theory (DFT) modeling, with characteristic 
features several dozen nanometers to sub-nanometer in size. The mesoscale is the length scale 
wherein discrete interactions cannot be ignored, but must be considered collectively, and must be 
reconciled with macroscopic considerations such as aggregate grain response [156]. The 
mesoscale differs across different fields and with respect to the material behavior being 
evaluated, but can generally be considered to encompass characteristic lengths between 
approximately a single micron to hundreds of microns in scale [157]. 
The mesoscale represents a promising frontier with respect to deformation. CP-FEM and DD 
models represent attempts to reconcile macroscopic deformation at continuum scales with 
dislocation behaviors and microscale MD models, both of which have been examined 
25
extensively but still have remaining questions regarding the links between the two [102, 129]. 
For example, surface slip traces and intragranular misorientations have been generally correlated 
to dislocation substructures and GND content [47, 80], but predicting the formation of these due 
to scaling up knowledge of microstructural behaviors, especially quantitatively, remains a 
challenge for modelers [140, 156-158]. 
2.3 Hydrogen Embrittlement of Nickel 
2.3.1 Hydrogen Effects on Bulk Mechanical Properties 
Hydrogen embrittlement (HE) is the premature failure at reduced elongation and less reduction 
in area of metals exposed to elevated hydrogen concentrations, often with more brittle fracture 
characteristics than their hydrogen-free counterparts. This phenomenon has been shown to occur 
in nearly all metals, with the exceptions of Cu and Au [159]. It was first identified by Johnson in 
1875, who observed catalytically charged samples failing in a brittle manner immediately after 
charging, with a return to ductile failure with a significant delay between charging and testing 
[160]. These samples also gained weight and released hydrogen gas upon fracture, with the 
weight gain being exaggerated in steels versus Fe. Over the past several decades, a wealth of 
knowledge has been accumulated on the embrittling influence of hydrogen on many metals 
including Ni. 
2.3.1.1 Intergranular Failure 
Ni has been shown to transition from ductile transgranular failure to intergranular failure with 
increasing hydrogen content, under many different test conditions and compositional 
modifications [161-176]. The embrittlement can significantly decrease the elongation at failure, 
with reported changes from 74-86% in air to 6-29% in the presence of hydrogen [168]. Hydrogen 
embrittlement primarily manifests at strain rates of less than 10-3 s-1, and increases as strain rate 
is reduced [161, 166, 171, 172]. Further, at crack tips, the presence of hydrogen has been shown 
to increase crack tip opening displacement and appears to localize plasticity in the vicinity of the 
tip [175]. 
Hydrogen embrittlement of Ni is most prevalent at temperatures between approximately -30°C 
and 30°C. Temperatures in the range of -196°C to -30°C generally induce a return to ductile 
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failure, although embrittlement can be observed in this temperature range under specific 
conditions such as when additional solutes are introduced [161, 165, 171, 172]. In the 
temperature range of approximately -150°C to -30°C, hydrogen-charged Ni generally exhibits 
serrated yielding, also known as dynamic strain aging or the Portevin-Le Chatelier effect, which 
is observed in metals containing interstitial solute content [161, 177].  
The degree of intergranular failure is affected by the amount of hydrogen, increasing with 
increasing hydrogen content [166]. A sufficient, but as yet undetermined, amount of the 
hydrogen must be allowed to diffuse to the grain boundaries for intergranular failure to occur 
[164]. Intergranular failure is exacerbated in the presence of other grain-boundary segregants 
such as Sn, Sb, S, and P [162, 165, 167, 178], although intergranular failure can be achieved with 
a sufficiently high hydrogen concentration alone [164, 166].  
The exact range of temperatures for which embrittlement occurs thus has been shown to depend 
on the hydrogen concentration, strain rate, presence of other impurities, and segregation of 
hydrogen to grain boundaries or other trapping sites, although it is shown not to occur above 
approximately 30°C in pure Ni [161]. 
2.3.1.2 Yield Stress, Flow Stress, and Activation Energy 
Hydrogen has been shown generally to increase the yield stress of Ni in the range of 
temperatures for which intergranular embrittlement occurs [161]. The yield point becomes 
sharper with decreasing temperatures, which was attributed to decreasing mobility of hydrogen 
in the lattice and enhanced pinning of dislocations prior to yielding [161]. The yield stress also 
increased with increasing strain rate, although the yield point did not become sharper with 
increasing strain rate. This was attributed to an increased probability for dislocations to break 
away from hydrogen atmospheres in the dislocation stress field with increasing strain rate, while 
hydrogen mobility remained the same [161]. Steels and Fe have shown both increases and 
decreases in the yield stress in the presence of hydrogen, however the effect has been shown to 
be dependent on temperature and strain rate as observed in Ni [179] 
Hydrogen has been shown to have disparate effects on macroscopic flow stress, increasing the 
flow stress in some cases such as in Fe with interstitial solute content or stainless steel [180-182], 
while decreasing it in Ni and high-purity Fe [175, 183-187], sometimes in the same study [188]. 
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Whether hydrogen induces hardening or softening has been attributed to a combination of 
several factors [175, 183, 188, 189]. Hydrogen is generally shown to microscopically reduce the 
flow stress locally for dislocation motion, which leads to macroscopic softening when hydrogen 
is homogeneously distributed and strain rates are low [188]. The influence of strain rate arises 
because dislocation mobility is enhanced when an atmosphere of hydrogen is accumulated in the 
stress field of dislocations, but at large strain rates dislocations can attain the critical velocity for 
breakaway from the hydrogen atmosphere [190-192]. Hardening thus occurs at higher strain 
rates.  
Macroscopic hardening can occur when the hydrogen effect on dislocation mobility is not 
homogeneous due to shear localization [189, 193]. Shear localization can be induced either by an 
inhomogeneous distribution of hydrogen softening only some of the material, hydride formation 
hardening the surface or certain regions, or aggressive cathodic charging creating a gradient in 
hydrogen concentration and stress at the surface [188, 189]. 
Stress relaxation and differential temperature measurements in Ni showed that C decreased 
dislocation mobility by increasing the activation enthalpy, while hydrogen increased mobility 
and decreased activation enthalpy and activation area [169]. This decrease in activation area 
indicated a lowered barrier for dislocation motion [169], which is tied to the flow stress. This 
provides another mechanism for hydrogen to influence the flow stress which competes with 
hardening, leading to the variation in effect that is highly dependent on experimental conditions. 
2.3.1.3 Deformation in Ni Single Crystals and Hardening 
In single crystals, the effect of hydrogen on the evolution of stress and strain could be 
investigated without the complicating influence of grain boundaries [194-198]. For single 
crystals oriented for single slip, the strain at which Stage II work-hardening began was observed 
to increase, in other words the easy-glide Stage I regime was extended [196, 198]. Once stage II 
work-hardening initiated, the work-hardening exponent or rate of work-hardening was markedly 
increased by the presence of hydrogen, as shown in Figure 2.7 [197-199].  
These results were interpreted to indicate that hydrogen caused an increase in the range of Stage 
I by enhancing slip planarity, attributed to hydrogen lowering the stacking-fault energy, and 
favoring continued generation from active sources over activation of new slip systems. This 
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manifested as an increase in dislocation density, and decreases in wall thickness, cell size, and 
band spacing [198]. Although the study characterized the bands that formed in Stage I as GNBs, 
it is worth noting that GNBs do not form in Stage I [3], so it is more likely that the planar slip 
bands were planar dislocation pileups. The rapid work-hardening observed was attributed to the 
increase in barriers to dislocation motion present at the onset of secondary slip system activation, 
as well as hydrogen in the lattice and trapped near dislocation cores acting as pinning points to 
certain directions of motion and cross-slip [196, 198]. An increased work-hardening rate has also 
been observed in polycrystalline Ni [170, 171], which was similarly suggested to occur due to a 
higher dislocation generation rate and density with strain in the presence of hydrogen. 
 
Figure 2.7. Shear-stress vs shear-strain curve for Ni single crystals oriented for single-slip, with and without the presence of H. 
Adapted from [198]. Note: although no x-axis label was given in [198], it was discussed in the text as shear strain. 
Hydrogen charging increased the shear stress at the start of Stage III dynamic recovery in Ni 
single crystals for the approximate temperature range -100°C to 30°C, indicating reduced ability 
of dislocations to cross-slip [196]. This was attributed to hydrogen lowering the stacking-fault 
energy, although the hydrogen-induced reduction in stacking-fault energy has been shown not to 
be significant in other studies [200]. 
Single crystals exposed to hydrogen exhibited some reduction in elongation to failure in the 
presence of hydrogen, as was observed in Ni [167, 198] and Ni-base superalloy PWA 1480 
[194]. The fracture mode remained generally ductile, although the ductile fracture surface could 
exhibit some less-ductile features in the presence of hydrogen such as “Y-shaped hillocks” that 
were interpreted to indicate shear fracture instigated by microcracks at slip band intersections 
29
[195] or a shear “chisel-edge” oriented 60° to the tensile axis. In Fe, hydrogen was observed to 
extend the lifetime of single-crystals, although this was attributed to the delayed onset of work 
hardening [199]. Hydrogen-charging of Ni single crystals had the largest influence on 
deformation in presence of precracking, inducing an increase in crack tip opening displacement 
and an increase in slip localization to crack tips [201].  
The literature on the influence of hydrogen on the mechanical response of Ni indicates that 
hydrogen influences not only intergranular fracture along grain boundaries, but also the general 
development of strain and mechanical response to stress. The single crystal evidence combined 
with the evidence for polycrystalline intergranular failure provided the framework for the 
development of several models describing the microscopic mechanisms that govern hydrogen 
embrittlement.  
2.3.2 Hydrogen Entry, Diffusion, Trapping and Transport 
2.3.2.1 Hydrogen Ingress 
In order to discuss mechanisms of hydrogen embrittlement, a review of how hydrogen enters and 
moves through a metal lattice is required. At the onset of diffusion into a metal, molecular 
hydrogen (H2) incident on the surface interacts with metal atoms to create a near-surface region 
where the chemical potential favors dissociation of H2 into hydrogen atoms [202]. This process, 
chemisorption, is affected by impurities, defects, surface roughness, surface coverage by 
hydrogen, temperature (in some cases), hydrogen gas pressure or cathodic charging conditions, 
sub-surface hydrogen occupation, sticking coefficient, and electronic structure of the metal 
[202]. Oxygen and other solutes such as carbon tend to occupy favorable sites for hydrogen 
uptake, such that hydrogen ingress can be reduced by the formation of surface oxides or carbides 
[202].  
2.3.2.2 Hydrogen Diffusion and Trapping 
Hydrogen atoms interact with metal atoms inside the metal crystal by increasing the density of 
electron states, weakening metal-metal bonds nearby and increasing the number of free electrons 
[203]. Hydrogen atoms take interstitial positions, locally expanding the lattice in a way that 
changes the elastic moduli [204, 205]. Hydrogen is attracted to free surfaces because of the open 
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lattice on the surface and the reduced electron density, and when hydrogen is present on the 
surface it reduces the surface energy [206]. The lattice expansion and electron state alteration 
lead to a propensity of hydrogen to agglomerate at crack tips, highly stressed regions, and on the 
surfaces of internal voids.  
Once inside the metal, atomic hydrogen diffuses into the bulk either by lattice diffusion or by 
trapping at defects and transport. Hydrogen lattice diffusion is rapid compared to other species of 
interstitial solutes due to its small atomic size, up to 20 orders of magnitude faster than nitrogen 
or oxygen [207], and is faster in BCC metals than in close-packed FCC metals, by an order of 
magnitude in BCC α-Fe compared to FCC γ-Fe [208]. Lattice diffusion occurs by hydrogen 
atoms jumping between preferred interstitial lattice sites, known as normal interstitial lattice sites 
(NILS), so the rate and path of diffusion are strongly dependent on metal internal structure [207]. 
For example, diffusivity in Ni single crystals has been shown to vary dependent on 
crystallographic orientation [209]. The additional effects of microstructure on diffusion have 
been described in terms of energy for binding and trapping. 
Interstitial lattice sites represent potential energy wells from which atomic hydrogen can escape 
or jump probabilistically with thermal fluctuations [210]. Crystallographic defects such as 
interfaces, grain boundaries, second phases, solute atoms, voids, vacancies, and dislocations can 
act as traps, or deeper potential wells from which it is more difficult for hydrogen to escape [207, 
211]. The trap configuration can be energetically favorable due to long-range stress fields, 
electrical fields, or chemical potential gradients, or due to more localized distortions physically 
barring hydrogen escape. Microvoids can also act as traps, however the free surface of the void 
allows hydrogen molecule formation, which alters the interaction [207]. If the potential energy 
well represents a very large decrease in energy, the probability that hydrogen will escape due to 
normal thermal fluctuations decreases to essentially zero [210]. Such traps are known as 
irreversible traps, and are not expected to contribute significantly to deterioration of mechanical 
properties. Reversible traps are those that represent deeper potential wells than NILS, and thus 
may retain hydrogen for longer periods of time (increased residence time), but may still release 




2.3.2.3 Dislocation Trapping and Transport 
Reversible trapping at dislocations has been considered to be an important factor dictating some 
characteristics of hydrogen embrittlement. Hydrogen is strongly bound to dislocation cores 
[212], but is also strongly attracted to dislocation elastic stress fields, such that hydrogen 
atmospheres are expected to surround dislocations at distances up to approximately 30b, where b 
is the magnitude of the dislocation Burgers vector [192]. Dislocations moving at velocities 
slower than the critical velocity for breakaway can carry the hydrogen atmospheres with them 
through the lattice, and the hydrogen atmosphere modifies dislocation mobility as well, generally 
enhancing it in the hydrogen embrittlement strain rate and temperature regimes [190].  
Dislocation transport has been shown to carry hydrogen further [213] and faster [214, 215] than 
lattice diffusion [192, 216], as well as to increase solubility [217]. Increases in hydrogen 
transport in early of stages of strain were observed to level off later in the deformation process in 
Ni [171, 217, 218]. This led some to the conclude that dislocations had transported significant 
hydrogen content to dislocation cell or band walls, which created fast diffusion pathways [218]. 
Although the ability of dislocation structures to act as fast diffusion pathways has not been 
explicitly determined, the literature indicates that general dislocation transport of hydrogen 
creates a codependence between the evolution of deformation microstructures and hydrogen 
content. 
At crack tips, hydrogen can reduce the energy required for nucleation of a dislocation and 
formation of a free surface, leading to locally enhanced injection of dislocations and crack 
advance [204]. In a gaseous hydrogen environment, regions ahead of a crack tip can accumulate 
higher hydrogen concentrations due to the stress field ahead of the crack [219]. The magnitude of 
this stress field is predicted to be approximately three times larger than the stress field outside of 
the crack tip region, which is predicted to increase the hydrogen concentration enough to cause 
decohesion [220]. Additionally, in gaseous hydrogen environments, hydrogen may accumulate at 
crack tips by dislocation transport while in precharged specimens, regions ahead of a crack can 
become depleted of hydrogen due to crack-tip dislocation emission [190, 221]. Crack-tip 
dislocation transport has been considered to lead to a compounding effect wherein hydrogen 
concentration is enhanced locally in regions of high dislocation density, while high hydrogen 
content leads to enhanced mobility and generation of dislocations, increasing the dislocation 
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density [190]. Thus the trapping and transport of hydrogen by dislocations leads to a 
codependent evolution of the dislocation structure and gradients in hydrogen concentration 
particularly at crack tips which may be linked to crack growth and failure [204].  
2.3.2.4 Grain Boundary Trapping, Diffusion, and Embrittlement 
Trapping and diffusion of hydrogen at grain boundaries also has a significant influence on the 
evolution of deformation and failure, particularly for materials that fail intergranularly in the 
presence of hydrogen like Ni. For example, the degree of reduction in ductility and the percent of 
fracture which was intergranular instead of transgranular have been shown to increase with 
increasing hydrogen segregation to boundaries, such that when segregation was prohibited, 
embrittlement did not occur [164]. Grain boundaries in Ni have been shown to act both as traps 
[210] (although to a lesser extent than dislocation cores [222]) and as fast diffusion pathways 
[212]. For example, diffusion of hydrogen was measured to be enhanced along at 39°<110> 
boundary in Ni by a factor of 8-17 compared to that observed in the lattice [223]. Enhanced 
trapping or diffusion at grain boundaries can lead to higher concentrations of hydrogen in a layer 
a few tens of nm thick near grain boundaries, although the boundary type affects the thickness, 
for example in twins the layer is thinner [164, 173, 223]. A few primary characteristics have 
been identified that dictate the hydrogen-grain boundary interaction. 
Decreasing the grain size, which increases the grain boundary area fraction of the specimen, has 
been shown to decrease the embrittling effect of hydrogen in Ni [171] and increase the overall 
hydrogen diffusion coefficient and concentration [174]. It is yet to be determined whether the 
increased resistance to embrittlement with decreasing grain size is due to an effect on hydrogen 
distribution or if it is due to the general strengthening effect of reducing the grain size. Reduction 
in connectivity of random grain boundary networks has also been shown to increase the 
resistance to boundary crack propagation in the absence of hydrogen [224], and it has been 
postulated that reduced connectivity of boundaries may be responsible for reducing intergranular 
failure in hydrogen environments by reducing the ability of grain boundaries to act as fast 
diffusion pathways [176]. 
Diffusion along grain boundaries in Ni has been shown to be dependent on the boundary 
structure [223]. Boundaries with a high fraction of coincident atomic sites such as twins tend to 
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exhibit slightly stronger trapping than the lattice, but not enhanced diffusivity, while random 
high-angle boundaries tend to exhibit higher diffusivity than the matrix due to increased local 
disorder [173, 174, 222]. One study attributed a measured increase in hydrogen near boundaries 
not to the boundaries themselves, but to the formation of vacancies and excess free volume in or 
near boundaries [225], both of which tend to be higher at random high-angle boundaries. 
Enhanced hydrogen diffusivity allows for faster coverage of the boundary by hydrogen atoms 
[226], which has been correlated with a greater reduction in boundary cohesive energy [207]. In 
either case the hydrogen concentration at the boundary increases, although the effect may be 
stronger in localized areas along trapping boundaries, for example areas of high local hydrogen 
transport by dislocation bands [174].  
Similarly, the presence of other impurity elements on grain boundaries has a strong effect on 
trapping of hydrogen and the degree of embrittlement in Ni, as well as hydrogen adsorption [162, 
165, 167, 227, 228]. Grain boundary poisons such as P, As, S, Sb, and Sn increased hydrogen 
permeability and diffusivity, and were revealed by Auger analysis to segregate to boundaries, 
indicating an enhanced attraction of hydrogen to grain boundaries in the presence of such 
poisons [167, 227]. Intergranular failure in Ni was enhanced in the presence of hydrogen or S, 
but the effect was compounded with both species [165]. However, intergranular features in the 
presence of S only were observed to exhibit less plasticity and more brittle fracture features, 
while those with hydrogen or hydrogen and sulfur exhibited slip traces indicative of plasticity on 
intergranular fracture facets, indicating that the mechanism of embrittlement and grain boundary 
deformation may be different in hydrogen compared to other grain boundary segregants [165]. 
The presence of extensive slip traces on the intergranular fracture features in Ni has been 
considered to indicate that the effects of hydrogen on dislocation interactions with grain 
boundaries is a significant factor in embrittlement [164, 168, 229]. With respect to trapping and 
transport, the interaction may allow for a dynamic exchange of hydrogen content between mobile 
dislocations and grain boundaries, for example the boundary can strip hydrogen from 
dislocations so grain boundary concentration is elevated, while the locally enhanced hydrogen 
content may make the emission of dislocations from the boundary easier [192]. A detailed model 
of the evolution of hydrogen content at grain boundaries with plastic deformation has yet to be 
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explicitly defined, but could have important implications for the development of damage and 
eventual intergranular failure [168]. 
2.3.3 Mechanisms of Hydrogen Embrittlement 
2.3.3.1 Hydrogen-Enhanced Localized Plasticity (HELP) 
The development of the hydrogen-enhanced localized plasticity (HELP) mechanism was based 
on many observations of hydrogen enhancing dislocation activity. In the presence of hydrogen, 
Ni specimens exhibited significant plasticity in the form of microscopic voids, as evidenced by 
higher-resolution scanning electron microscopy imaging of fracture surfaces that appeared 
macroscopically brittle in optical micrographs [229]. Hydrogen-charging increased crack tip 
opening displacements [164], decreased flow stress [183, 196], increased slip band density and 
localization [198, 230], and enhanced dislocation mobility and crack propagation rates during in 
situ TEM experiments [231]. Based on this experimental evidence, an explanation based on 
continuum mechanical theory was developed. 
HELP is considered to depend on the elastic shielding of dislocation stress centers by hydrogen 
atmospheres [193]. Hydrogen in the lattice has a first order elastic interaction energy with other 
defects, such as dislocations or other solute atoms, due to its volume dilatation, which decreases 
with 1/r where r is the distance from the defect [232]. Additionally, a second order elastic 
interaction is introduced in the presence of hydrogen due to the change in elastic moduli that 
occurs, which is weaker than the first order interaction and scales with 1/r2 [232]. The second 
order interaction has been shown to decrease the elastic moduli [203, 233]. The interactions of 
hydrogen and defect stress fields leads to an increased hydrogen concentration in atmospheres 
around defects, particularly in tensile stress fields such as that in the region below an edge 
dislocation, which changes with distance and changes the elastic interactions of hydrogen with 
defect stress fields [193].  
Linear elastic finite element calculations showed that the influence of hydrogen on the elastic 
interactions was to reduce the net shear stress acting between two edge dislocations of the same 
Burgers vector and on the same slip plane, as shown in Figure 2.8, and to reduce the interaction 
energy between a dislocation and a carbon solute such that pinning was reduced [232]. This 
elastic shielding of defect stress centers was considered to be responsible for enhanced 
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dislocation mobility in the presence of hydrogen, as it reduces dislocation-dislocation mutual 
interactions, accounts for localization of slip in regions of high hydrogen content, and allows for 
dislocations to sit closer together, which enhances local dislocation density [193]. 
 
Figure 2.8. Shear stress between two parallel edge dislocations as a function of normalized distance between dislocations, τD, 
which decreases to the curve τD + τH upon the introduction of a hydrogen atmosphere to the dislocation stress fields. Adapted 
from [232]. 
The elastic shielding mechanism was used to explain several direct observations of the effect of 
hydrogen on dislocation dynamics made during in situ straining experiments in the TEM [234]. 
In these experiments, disks of metal thinned to electron transparency were strained in the TEM in 
vacuum, under inert atmospheres, and in the presence of hydrogen gas atmospheres to compare 
the movement and interaction of dislocations. In situ straining experiments were performed on 
many different materials and alloys of BCC, FCC, and HCP structure, including high-purity 
aluminum [235, 236], Fe [237, 238], Ni [239], Ni doped with S [75], 310 SS [240], 316 SS 
[241], pressure vessel steel [242], Ni3Al [243], In 903 superalloy [175], age-hardened 7050 and 
7075 Al-Zn-Mg alloys [244], and Ti [245]. Several notable effects were observed which 
appeared to be universal regardless of crystal structure or impurity content. 
Dislocation velocities were observed to be greatly enhanced upon the introduction of gaseous 
hydrogen for screw, edge, and mixed types of dislocation in FCC, BCC, and HCP materials [235, 
237, 239]. When displacement was held constant, the stress for dislocation mobility and for 
crack advance was observed to decrease in the presence of hydrogen gases, such that dislocations 
that were immobile in vacuum became mobile upon introduction of hydrogen gas [234, 241]. 
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The plastic deformation zone ahead of crack tips was observed to become narrower and extend 
further ahead of the tip upon introduction of hydrogen, indicating a localization of the plastic 
zone [175, 238, 239]. 
Hydrogen reduced the elastic interaction of dislocations with other dislocations and obstacles 
such as grain boundaries, as evidence by a decrease in the interspacing between dislocations in a 
pileup, as shown in Figure 2.9 [240]. This effect was reversible on the removal of hydrogen from 
the specimen chamber in high-purity Al. Although the decreased dislocation spacing was not 
observed to be reversible upon removal of hydrogen in 310 SS, this was attributed to impurities 
acting as pinning points for the dislocations [240]. 
 
Figure 2.9. Difference image showing dislocations in a pileup against a grain boundary in 310 stainless steel, at the positions 
indicated in black in vacuum environment, moving closer together on the introduction of a hydrogen atmosphere to the TEM 
specimen chamber to the positions shown in white. From [240]. 
Dislocation generation and multiplication was observed to increase in the presence of hydrogen, 
both from crack tips [235, 238, 239, 241, 243-245] and from internal sources such as single-
armed Frank-Read sources [237]. Dislocations immobile in cell walls under vacuum were 
observed to become mobile again upon introduction of hydrogen atmosphere [239, 242]. The 
enhanced generation rates and release of trapped dislocations due to hydrogen were consistent 
with elastic shielding increasing the dislocation mobility and reducing limiting stresses imposed 
by other dislocations. 
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Hydrogen has been observed to enhance slip planarity, both on the surface of bulk samples and 
in the through-thickness of specimens strained in situ in the TEM [198, 246]. Introduction of 
hydrogen gas to the TEM specimen chamber stabilized the edge components of dislocations with 
both edge and screw segments, reducing cross-slip, an effect which was reversed upon return to 
vacuum [236]. This is often attributed to a hydrogen-induced reduction in the stacking-fault 
energy which extends dislocations and reduces their ability to cross-slip [246]. However, the 
reduction in stacking-fault energy due to hydrogen was estimated to be approximately 20% in a 
low-stacking-fault energy stainless steel, which is not considered to be a significant reduction in 
energy to explain the increase in slip planarity [200].  
Cross-slip requires a substantial rearrangement of hydrogen present in the dislocation 
atmosphere since the dislocation stress field is altered, and removal of hydrogen present in the 
dislocation core, which may decrease the energetic favorability of such an interaction enough to 
significantly inhibit cross-slip [247]. Linear elastic calculations showed that hydrogen reduced 
the strain energy of edge dislocations to a greater extent than that of screw dislocations as well, 
which could stabilize edge components that cannot cross-slip [204]. A reduction in cross-slip can 
have important implications for the development of dislocation microstructure, for example 
Stage III dynamic recovery would be reduced if cross-slip and, consequently, annihilation were 
inhibited [246]. 
TEM examination of Ni and Fe strained in bulk revealed that hydrogen reduced the size of 
dislocation cells, enhanced misorientations across walls and GNB formation, and increased 
dislocation density [168, 248, 249]. For example, dislocation structures that formed in Ni subject 
to high pressure torsion exhibited smaller cell sizes in hydrogen-charged samples than in 
uncharged samples, even for samples exhibiting equivalent bulk strains, as shown in Figure 2.10. 
The smaller cell size in these experiments indicated a more advanced microstructure in the 
presence of hydrogen than would be expected for the observed bulk strain, and was interpreted to 
develop due to HELP allowing for increased dislocation generation and increased mobility [168, 
248, 249]. These effects allowed for increased overall dislocation density, and decreased 
dislocation spacing allowed for decreased cell size [10]. 
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 Figure 2.10. Dislocation structure in a) uncharged and b) hydrogen-charged polycrystalline Ni subject to a macroscopic strain of 
0.23 under high-pressure torsion. Adapted from [249]. 
This behavior is significant as it indicates a change in the normal scaling and similitude 
relationships that generally govern dislocation structure formation during Stage II hardening in 
the presence of hydrogen [249]. Scaling was shown to apply for dislocation cells in both 
uncharged and hydrogen-charged Ni specimens deformed by high pressure torsion (HPT) when 
normalized by the average cell size, even though cell sizes were on average smaller in hydrogen 
[249]. If the shear modulus is only minimally affected by hydrogen, which is expected in Ni due 
to the isotropic lattice expansion induced by hydrogen [204], then the increase in dislocation 
density and decreased cell size due to hydrogen can be expected to increase the macroscopic 
flow stress at the same bulk strains compared to uncharged specimens, despite locally increased 
dislocation mobility [249]. However, the mechanism by which hydrogen increases microscale 
plasticity for equivalent bulk strains has yet to be explicitly defined. 
HELP is considered to increase intergranular failure and reduce bulk ductility through the 
localization of plastic strain, particularly ahead of crack tips, and work-hardening in areas of 
increased, localized dislocation density such as near grain boundaries [231]. The evolution of 
deformation microstructure in the presence of hydrogen is also proposed to play a role, such that 
high hydrogen concentrations compound high dislocation densities [190], and such that the 
dynamic exchange of hydrogen between dislocations and grain boundaries or other interfaces 
weakens the interface and work-hardens the adjacent matrix, enhancing failure [168, 250]. 
However, the effect of enhanced plasticity is generally considered to work in tandem with 
hydrogen decreasing cohesive energy.  
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2.3.3.2 Hydrogen-Enhanced Decohesion (HEDE) 
Hydrogen-enhanced decohesion (HEDE) is formulated based on the idea that the particular 
electronic structure interactions of hydrogen and metal atoms weaken the metal-metal 
interatomic bonds and decrease the energy required to form a free surface [219]. Consequently, 
hydrogen reduces the reversible work for decohesion of atoms and the surface energy 
increasingly with increasing hydrogen concentration [251]. In other words, the presence of 
hydrogen reduces the cohesive force of the host metal lattice increasingly with increasing 
hydrogen concentration. The hydrogen concentration is expected to increase in areas of high 
hydrostatic stress, for example near crack tips or hard precipitates or particles, or with increasing 
separation between lattice planes, such that the combined effects lead to significant local 
decreases in the cohesive energy, as shown schematically in Figure 2.11, and brittle failure [252].  
 
Figure 2.11. For a given separation of lattice planes ε, there is a cohesive force F(z). For a constant hydrogen chemical potential, 
the concentration of hydrogen increases with strain as shown in b), yielding the reduction in cohesive force shown in a) due to 
hydrogen. Adapted from [253] and [254]. 
The HEDE mechanism is essentially based on a thermodynamic argument, and the magnitude of 
the reduction in cohesive force with respect to the hydrogen concentration remains to be 
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determined explicitly [219]. Failure due to reduction in the cohesive energy alone would 
generally require extremely large hydrogen concentrations that are not readily obtainable in 
laboratory conditions [253]. For example, calculations based on hydrogen chemical potential at 
300°K in BCC Fe found that the reduction in cohesive energy at grain boundaries was a 
maximum of 44% at a gaseous hydrogen pressure of 50,000 atm, near the hydride formation 
limit, and only approximately 37% for a hydrogen pressure of 5,000 atm  [255]. The grain 
boundary cohesive energy is compared for hydrogen-charged and uncharged cases with respect 
to increasing hydrogen pressure in Figure 2.12. For the significantly lower hydrogen pressures or 
concentrations that are observed to initiate hydrogen embrittlement or hydrogen-induced 
intergranular failure, this indicates that the reduction in cohesive energy alone may not be 
sufficient to cause the severe transition in failure mode and reduction in ductility [255]. 
 
Figure 2.12. Comparison of the cohesive energy of a grain boundary in the absence of hydrogen (H-free) and in the presence of 
hydrogen (diamonds) for increasing gaseous hydrogen pressure at 300°K. From [255]. 
Several models such as strain-gradient plasticity theory found that ahead of a crack tip, where 
elastic stresses can reach up to ten times the yield stress, hydrogen could reach concentrations in 
excess of the general lattice concentration of hydrogen by several orders of magnitude, which 
would satisfy the requirements for decohesion [256]. Other models based on fracture mechanics 
associated crack advance with yielding in a region a few μm in front of a crack tip [219, 220]. 
Enhanced dislocation emission in the presence of hydrogen was proposed to shield the crack tip 
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until a sufficient local hydrogen concentration could be obtained [220, 257]. It was shown that 
threshold stress intensity factors for crack advance could be reduced due to the 
dislocation/hydrogen effects, such that a cyclic process of dislocation emission, subsequent 
hydrogen buildup, and corresponding crack advance could occur under realistic conditions, 
which was supported by experimental evidence of cyclic plasticity [219, 251].  
The HEDE mechanism is difficult to correlate directly to experimental evidence, since hydrogen 
is difficult to detect and HEDE is postulated to occur on an atomic scale [253]. Additionally, 
although it has been established that some minimum concentration of hydrogen on grain 
boundaries is required for intergranular failure, the concentration has not yet been defined [164, 
176]. DFT calculations have estimated the hydrogen-induced reduction of the cohesive energy of 
the grain boundary to increase linearly with grain boundary coverage by hydrogen [258], which 
could be linked to hydrogen-induced intergranular failure when hydrogen concentration is 
enhanced on grain boundaries. However, the magnitude of reduction in cohesive energy has been 
shown to depend on boundary trap site occupancy [255], which is generally difficult to discern or 
observe experimentally.  For hydrogen occupancy of only the lowest-energy trap sites on a 
boundary, hydrogen was found to only account for a maximum 15% reduction in cohesive 
energy at a Σ3 twin in Fe [259]. This indicates that HEDE alone may not be sufficient to cause 
embrittlement, and the concurrent operation of additional mechanisms may be required to 
explain observed embrittlement phenomena [231]. 
2.3.3.3 Hydrogen-Enhanced Strain-Induced Vacancy Formation/Void Coalescence 
Hydrogen-enhanced nanovoid formation, or hydrogen-enhanced microvoid coalescence, is based 
on the theory that stress- and strain-induced vacancy formation is enhanced in the presence of 
hydrogen, particularly near dislocations [260, 261]. Hydrogen is proposed to enhance the 
coalescence of vacancies into nanovoids in regions of high triaxial stress, for example ahead of 
propagating crack tips [262], in grain boundaries [263], or at the intersections of dislocation 
pileups or shear bands with obstacles such as carbides [259] or grain boundaries [264], under the 
assumption that hydrogen reduces the cohesive energy of the lattice. Although some evidence 
has been found for hydrogen-enhanced strain induced vacancy formation near fracture surfaces 
or cracks [265, 266], evidence for significant vacancy formation away from the fracture surface 
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has not been found, and this mechanism does not explain transitions in fracture mode which 
frequently occur in the same specimen [253]. 
Several other mechanisms have been developed that capture different aspects of the hydrogen 
embrittlement phenomenon, however detailed discussion of the remaining mechanisms is not 
considered to be necessary for discussion of the current results. The details and development of 
the many mechanisms have been reviewed extensively [219, 231, 253, 267, 268].  
Concurrent action of the HEDE and HELP mechanisms has been postulated to be a necessary 
requirement for intergranular failure of Ni [168]. However, the exact mechanisms determining 
initiation and propagation of failure have not yet been explicitly defined, and any attempt to do 
so must consider the dynamic interactions of hydrogen and plasticity with grain boundaries. 
2.3.4 Combined Influence of Hydrogen and Grain Boundaries on Deformation in Nickel 
2.3.4.1 Grain Boundary Character and Hydrogen Embrittlement 
Grain boundary character has been shown to influence not only diffusion or trapping of 
hydrogen, but also the overall failure. Ni 201 specimens with a high fraction of special or high-
coincident-site-lattice grain boundaries were shown to decrease the embrittling effect of 
hydrogen, for example exhibiting completely transgranular failure with an RA of approximately 
35% with 1200 appm hydrogen compared to approximately 70% intergranular failure at 20% RA 
for specimens with random grain boundaries [176]. This influence of special boundaries 
decreased with increasing internal hydrogen concentration, but was still present up to 3000 appm 
hydrogen. It was suggested that one of two explanations is likely, either that twins and other 
special boundaries are inherently stronger than random high angle boundaries, or that there is a 
minimum hydrogen concentration required for intergranular failure of a boundary and that 
requirement is higher in twin boundaries [176]. However, one study of coherent twin boundaries 
has indicated that coherent twin boundaries are more susceptible to crack initiation, but resistant 
to crack propagation, which can be correlated with a suppression of overall failure [269].  
2.3.4.2 Hydrogen and Grain Boundary Energy Effects 
The static interfacial energy of grain boundaries has been shown to be influenced by hydrogen in 
a way that may be linked to intergranular failure. MD simulations have shown that hydrogen 
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lowers the grain boundary interfacial energy in Ni, often substantially, depending on the grain 
boundary type as shown in Figure 2.13 [270]. The Σ3 coherent twin boundary is particularly 
resistant to the effect of hydrogen, which corresponds well to observations that specimens with a 
high fraction of twin grain boundaries are resistant to hydrogen embrittlement [176, 270]. Lower 
interfacial energy has been correlated to an increased energy barrier for slip transmission in pure 
Ni, such that the Σ3 coherent twin boundary has one of the lowest interfacial energies and 
highest barriers for transmission [53]. 
 
Figure 2.13. Ratio of grain boundary interfacial energy in the presence of hydrogen to boundary interfacial energy in pure Ni for 
different grain boundaries. From [270]. 
Together, these simulation results may indicate that the decrease in interfacial energy of grain 
boundaries due to hydrogen affects the energy barrier for strain communication between grains, 
which may affect grain boundary plastic deformation and failure. However, twins have been 
shown to be either weak or strong barriers to slip experimentally, and can even be transparent to 
direct transmission of dislocations [60, 64, 70], indicating that a dependence of the effects of 
hydrogen and dislocation interactions on grain boundary energy requires further explicit 
investigation. Additionally, the grain boundary interfacial energy cannot alone predict the exact 
slip interaction that will occur, as shown for coherent twin boundaries. 
The effect of hydrogen to decrease the reversible work of separation [255] or cohesive energy of 
grain boundaries has been linked to intergranular failure while still allowing for extensive local 
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plastic deformation [165, 243]. Other alloys that reduce the grain boundary cohesive energy, 
specifically sulfur in Ni, have been shown to enhance intergranular failure, particularly by 
nucleation of cracks at grain boundary intersections with dislocation pileups [75]. Conversely to 
hydrogen, however, other segregants that reduce cohesive energy typically appear to suppress 
plasticity, for example Ni-S compared to pure Ni, hydrogen-charged Ni, or Ni with both 
hydrogen and sulfur [165]. In Ni3Al, boron increased boundary cohesive energy, which enhanced 
ductility, transgranular failure, and dislocation emission from grain boundaries [243]. Hydrogen 
reduced the transgranular failure of Ni3Al doped with boron, although not the plasticity, which 
was attributed to hydrogen decreasing the cohesive energy of the boundary while also enhancing 
plasticity [243]. It is not clear whether the effect of a segregant to reduce the cohesive energy of 
a metal has a direct influence on plasticity, but hydrogen appears to have a strong influence on 
both energy and stress fields which strongly affect deformation and failure. 
These results indicate that although decreasing the cohesive energy of grain boundaries due to 
grain boundary segregants generally contributes to both intergranular failure and suppressed 
plasticity, hydrogen represents a special case wherein intergranular failure is enhanced but 
ductility is not reduced. The initiation of failure at dislocation pileup-grain boundary 
intersections in Ni doped with S particularly illustrates the importance of dislocation structure 
interactions with grain boundaries in intergranular failure even when cohesive energy is reduced 
[75]. This correlates well with evidence in pure Ni that the enhancement of plasticity in hydrogen 
is a key aspect of intergranular failure and must accompany reduction in cohesive energy for 
failure [168]. 
2.3.4.3 Microcrack Formation 
The initiation and propagation of microcracks has been shown to be a critical step in the 
hydrogen embrittlement process. Hydrogen-charged, polycrystalline Ni was prestrained in 
tension to different strains, then outgassed and strained to failure. Specimens that did not form 
microcracks prior to outgassing exhibited no reduction in elongation to failure, while those that 
did form microcracks did exhibit premature failure [161]. However, the failure was more ductile 
in appearance than in specimens that were not outgassed before failure. This indicated that one of 
the most critical aspects of hydrogen embrittlement is the initiation of microcracks, as the 
subsequent failure will occur at reduced elongation whether it is brittle intergranular or more 
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ductile [161]. The initiation of failure has been linked to dislocation band-grain boundary 
intersections in many materials [75, 77, 125]. This aspect has been considered to provide a key 
link between HELP and fracture, for example slip steps on an intergranular fracture surface in 
hydrogen-charged Ni were correlated with dislocation structures extending several μm beneath 
the surface, which were proposed to have influenced failure [271].  
The grain boundary characteristics may play a key role in microcrack initiation, for example  the 
degree of intergranular fracture has been shown to increase with increasing fraction of grain 
boundaries oriented normal to the tensile axis [213]. This is in accordance with models of 
fracture that depend on the stress concentration ahead of a dislocation pileup blocked by a grain 
boundary or hard precipitate developing a large normal stress component to initiate void 
coalescence or decohesion [250, 264]. Microcrack propagation has also been shown to be 
important, for example grain boundaries that were weak to initiation were shown to be strong 
against propagation, which influenced macroscopic failure [269]. The orientation of slip bands 
and the details of the dislocation interactions with grain boundaries should then be considered as 
significant influences on microcrack formation and failure. 
2.3.5 Remaining Challenges 
Although each of the proposed mechanisms of hydrogen embrittlement explains some aspects 
observed experimentally, no unified model has been proposed that explicitly addresses the many 
different influences of hydrogen [231]. The effect of hydrogen is difficult to observe directly in 
experiments, since its small size and high diffusivity allow hydrogen to escape after fracture or 
prior to post-mortem analysis and make detection difficult with many conventional spectroscopy 
methods [272]. MD simulations provide an avenue to investigate directly proposed mechanisms 
of embrittlement and evaluate the physical mechanisms guiding hydrogen, defect, and grain 
boundary interactions simultaneously. 
Recent MD simulations of dislocations interacting with grain boundaries containing hydrogen at 
the nanoscale have illustrated some of the effects. Hydrogen in polycrystalline Ni was shown to 
increase the free volume of atoms on the boundary and enhance dislocation emission and crack 
growth rates, particularly where dislocation pileups intersected boundaries [273]. These effects 
were attributed to hydrogen increasing grain boundary free energy and changing the local 
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structure of the boundary [273]. Conversely, bicrystal simulations of slip transmission for 
different boundary types in BCC Fe found that hydrogen increased the energy barrier for slip 
transmission for different symmetric tilt grain boundaries by a similar amount [274]. Hydrogen 
also altered the slip transmission to be less direct, although the magnitude of the Burgers vector 
of the residual dislocation left in the boundary was still minimized as for dislocation-grain 
boundary interactions without hydrogen [274]. This is in accordance with studies showing that 
hydrogen decreases the interfacial energy [270] and that decreasing interfacial energy increases 
the barrier to slip transmission [53]. However, hydrogen effects on slip transmission have not 
been directly observed experimentally, indicating that further investigation is required to 
ascertain the influence of hydrogen on slip interactions with grain boundaries [231].  
The short times that were possible to observe in the MD simulations that included grain 
boundaries did not allow for detailed investigation of hydrogen effects on the evolution of 
advanced dislocation structures or the effects of dislocation transport of hydrogen through the 
lattice [273]. Some MD simulations of hydrogen transport by dislocations have indicated that 
hydrogen atmospheres reduced dislocation mobility and did not reduce dislocation-dislocation 
spacing, which was considered to suggest that the final failure event was through cleavage that 
could be attributed to HEDE [275, 276]. However, these results do not correspond to 
experimental results, potentially due to the high strain rates used, and indicate a general need to 
include more information in nanoscale simulations in order to accurately predict behavior. 
The two most commonly accepted mechanisms, HEDE and HELP, have been investigated 
extensively at the micro- or nanoscales, particularly in simulations; for examples, see extensive 
reviews [219, 253]. HEDE-based theoretical models have been applied largely at the atomic 
scale and at crack tips [219, 277], but have exhibited only limited applicability to experimental 
results at larger length scales [201]. HELP-based mechanisms have been shown to operate in the 
overwhelming majority of systems [231], and in linear elastic finite element simulations [204], 
but have yet to be correlated explicitly to a mechanism for general decreased plasticity at the 
macroscale.  
Recent progress has been made in this regard through studies investigating dislocation cell sizes 
developed in coarse-grained HPT Ni and Ni strained in uniaxial tension [249, 271]. Dislocation 
cell sizes were reduced in the presence of hydrogen, which was attributed to HELP and related to 
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the bulk flow stress, work-hardening, and enhanced GNB formation [249]. Identification of the 
exact relationships between these characteristics and hydrogen could allow for incorporation of 
hydrogen effects into mesoscale CP-FEM models utilizing phenomenological dislocation density 
information. Initial efforts towards modeling hydrogen, dislocation, and grain boundary 
interactions have been performed with significant results at the microscale [273, 274, 277-279], 
however in order to develop a true mechanism for microcrack initiation and intergranular failure, 
these models require scaling up to include bulk, coarse-grained specimens and the evolution of 
dislocation structures over time.  
2.4 Summary 
A wealth of data exists regarding the evolution of plasticity in response to strain, grain boundary 
effects on plasticity, and the influence of hydrogen on deformation and failure, however many 
important questions remain on each topic. The separate and combined effects of hydrogen and 
grain boundaries on the evolution of deformation have yet to be explicitly defined. Separately, 
the effects of hydrogen and grain boundaries have shown some general trends at different length 
scales, for example hydrogen has been shown to increase plasticity and decrease cohesion at the 
microscale, and enhance intergranular failure at the macroscale. Similarly, grain boundary 
interactions with dislocations have been shown to depend primarily on one parameter at the 
microscale (the magnitude of the Burgers vector of the residual dislocation left in the boundary), 
and to enhance activation of multiple slip systems at the macroscale while still increasing bulk 
yield strength. The nature of these problems indicates a need for combination of the complex 
effects of hydrogen and grain boundaries, as well as linking of the effects across length scales, 
particularly at the mesoscale, in order to develop truly predictive models. 
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The experiments described herein were designed to compare the macroscopic mechanical 
response and microstructural development in uncharged Ni strained in tension with that of 
hydrogen-charged Ni, particularly near grain boundaries. The analysis spanned multiple length 
scales and followed the evolution of the deformation microstructure at various levels of strain to 
define more completely the deterministic mechanisms influencing hydrogen embrittlement. 
3.1 Materials and Specimen Preparation 
Ni was selected because it exhibits a transition in failure mode in the presence of hydrogen from 
ductile transgranular to brittle intergranular, and because it belongs to the class of FCC metals of 
medium-to-high stacking fault energy (SFE) for which dislocation structure formation in 
response to strain has been extensively analyzed [1]. 
All tensile test samples were machined from the same 1 mm thick sheet of Ni. The main 
impurities were C and Fe, as determined by the combustion and inductively coupled plasma 
mass spectrometry methods, respectively. Nominal compositions of all elements are given in 
Table 3.1. 
Table 3.1. Composition of Ni sample chosen for experiment in mass percent. 
Fe C Mn P S Cu Cr Ti V Nb Ni 
0.16 0.026 <0.01 <0.005 <0.0006 <0.01 <0.01 <0.001 <0.001 <0.001 Balance 
 
Samples were machined to the specifications shown in Figure 3.1 via electrical discharge 
machining (EDM). The continuous-bevel gauge geometry was designed to create a smooth 
gradient in the stress state along the gauge length, resulting in gradual microstructural 
development along the gauge length. Correspondingly, the most advanced deformation was 
concentrated near the center of the gauge length. 
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 Figure 3.1. Tensile test dogbone specimen dimensions in mm. Thickness 1 mm. 
Following machining, samples were annealed at 700°C for 8 h to obtain a large grain size (50-
100 μm) and a low initial dislocation density. Several samples were sent to the Material Surface 
and Interface Science Research Department at the Steel Research Laboratory of JFE Steel 
Corporation for hydrogen-charging by Dr. Akihide Nagao. These samples were subjected to a 
gaseous hydrogen environment in an autoclave at a pressure of 120 MPa at 200 °C for 160 hours. 
To verify the effectiveness of the hydrogen charging, gas chromatograph thermal desorption 
analysis (TDA) was performed on a section of the 1 mm thick Ni sheet after annealing and 
hydrogen charging, which indicated an approximate hydrogen concentration of 27.4 mass ppm 
(1605.5 atomic ppm). The hydrogen-charged samples were then shipped back to the US over a 
period of approximately four days and stored in liquid nitrogen upon their arrival to reduce 
outgassing of the internal hydrogen content before testing. 
After annealing, the majority of uncharged and hydrogen-charged samples were mechanically 
polished on one side to a surface condition acceptable for EBSD analysis, utilizing a 0.02 μm 
colloidal silica suspension for the final polish. Efforts were taken during mechanical polishing to 
minimize reduction in thickness. Fiducial markers were placed around the center of the gauge 
length in each specimen with a nanoindenter or tweezers to align the areas observed via EBSD 
before and after testing. 
All hydrogen-charged specimens were polished prior to hydrogen charging except for the 
specimen strained in situ in the SEM. This specimen was removed from liquid N2 storage and 
allowed to reach room temperature for polishing and transport to the testing facility. The time 
spent at ambient temperature was approximately 18 hours and not expected to have significantly 
altered the retained hydrogen content since it failed intergranularly.  
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3.2 Tensile Test and Setup 
An initial strain rate of 𝜀𝜀̇~10-5 s-1 was selected for all samples as this is within the range of strain 
rates for which hydrogen embrittlement is most likely to occur [2], at ambient temperature. Load 
was applied in constant displacement. Engineering stress-strain curves were calculated from 
stress and elongation measurements taken during the test, and adjusted for initial slippage before 
the grips caught each sample. Yield strength was defined at the 0.2% offset. 
The specimens were tested in different load frames, as detailed in Table 3.2. The naming scheme 
is based on the final strain that developed in the specimen and the charging state, where “U” 
denotes uncharged specimens and “H” denotes hydrogen-charged specimens. 
Table 3.2. Load frames and sample preparation used prior to testing by sample. 












FEI NOVA nanoSEM 
hydraulic load cell After No 
H6.2 MTS QTest/5 Before Yes 
H6.7 MTS QTest/5 Before Yes 
Interrupted    
U8 MTS QTest/5 
 
Yes 
H8 MTS QTest/5 Before Yes 
U9.5 MTS QTest/5 
 
Yes 
H9.5 MTS QTest/5 Before Yes 
 
The selection of load frame was dependent on frame availability, as described in the following 
sections. 
3.2.1 Slow Strain Rate Tensile Tests to Failure 
The slow strain rate tests to failure allowed for comparison of the deformation microstructures 
developed in Ni after fracture in different modes. In situ SEM straining of specimen H15 allowed 
for observation of the development of slip on the sample surface, particularly near grain 
boundaries, in an attempt to capture microcrack formation. The fiducial markers at the center of 
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the sample gauge length were monitored throughout the test and SEM micrographs were taken in 
intervals from prior to loading through the point of failure. Dr. A. Mello and Prof. M. Sangid 
collaborated in performing the in situ SEM straining experiment. 
3.2.2 Interrupted Slow Strain Rate Tensile Tests 
In order to examine how hydrogen affects the developing microstructure in response to strain 
prior to failure, some of the tensile tests were interrupted prior to failure and the specimens 
unloaded to compare uncharged and hydrogen-charged specimen microstructures that developed 
at the same level of macroscopic strain. One hydrogen-charged specimen was strained to 
approximately 9.5% elongation, at which point microcracks began to appear, and the other 
hydrogen-charged specimen was strained to 8% elongation, prior to microcrack formation. At 
these strains, the tests were interrupted and specimens unloaded. This allowed for comparison of 
the microstructures that had formed before and after the initiation of microcracks. Uncharged 
specimens were deformed to strains within +/- 0.2% of the strains developed in hydrogen-
charged specimens for microstructural comparison. 
3.3 Scanning Electron Microscopy 
All post mortem SEM and EBSD analysis was performed at the Materials Science Center at the 
University of Wisconsin-Madison. 
3.3.1 SEM Analysis 
Post mortem SEM analysis of fracture and free surfaces was performed in a Zeiss LEO-1 
FESEM using an accelerating voltage of 20 kV. SEM images were used to evaluate slip traces, 
disruption of grain boundaries developed during straining, and boundary shape changes. Based 
on these observations and combined EBSD analysis, areas were selected for focused ion beam 
(FIB) extraction of TEM specimens, as will be more thoroughly discussed in Section 3.4.1.  
The hydrogen-charged specimen tested to failure in situ in the SEM and the uncharged specimen 
strained to failure were tilted around the tensile axis 30° away from the plane perpendicular to 
the electron beam for imaging of the free surface. This allowed for changes in the free surface 
topography due to slip traces and steps to be captured, particularly near grain boundaries. 
Montages were created from series of images taken of the free surfaces from the grip ends of the 
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failed specimens up to the fracture surfaces. A contrast normalization filter was applied to the 
montage images to enhance the contrast changes due to surface disruptions. 
Analysis of fracture surfaces required cutting of one section of a failed specimen perpendicular 
to the TA, typically 5-6 mm away from the fracture surface on the gauge length. This allowed for 
mounting such that the fracture surface could be oriented approximately 70-90° to the beam 
direction for fractography.  
3.3.2 EBSD Analysis  
EBSD mapping was performed in a Zeiss LEO-1 FESEM equipped with TSL OIM acquisition 
software, using an accelerating voltage of 20 kV and step sizes between 0.75-2 μm. The TSL 
acquisition software was used to index backscattered Kikuchi patterns as they were acquired and 
record crystallographic orientations. 
Analysis of the EBSD datasets was performed using the MTEX open-source software package 
for MATLAB [3]. Custom functions and processing code was also written to produce the 
different graphical and quantitative assessments of the data such as orientation maps, reference 
orientation deviation (ROD) distributions, and grain boundary analysis. An example of the code 
used for analysis of one dataset is shown in Appendix A.  
3.4 Transmission Electron Microscopy 
FIB extraction of TEM samples from selected areas of the specimens was performed using a 
ZEISS Auriga model Ga FIB. S/TEM analysis was performed in an FEI Tecnai TF-30 combined 
S/TEM equipped with a Schottky field-emission electron gun operating at a 300kV accelerating 
voltage.  
3.4.1 Preparation of S/TEM Samples by FIB Micromachining 
3.4.1.1 Selection of Areas of Interest for TEM Specimen Extraction 
First, a feature of interest was identified via SEM, for example the microcrack propagating along 
a grain boundary on the free surface shown in Figure 3.2a.  
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 Figure 3.2. SEM images of the FIB machining extraction of TEM samples. a) Initial surface b) surface with protective Pt layer 
deposited c) surface with trenches cut around area to be extracted d) U-cut of liftout area e) liftout area attached to Omniprobe 
needle and removed from sample surface f) TEM sample welded to Cu grid, thinned and ready for TEM analysis. 
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On the free surface of failed specimens, grain boundaries with a significant change in 
topography, in other words local disruption, across the boundary and that were intersected by slip 
traces in both adjacent grains were selected. On the free surface of interrupted-test specimens, 
grains were selected for extraction of TEM samples based on the grain initial orientation to the 
tensile axis.  
Care was taken to orient extracted areas perpendicular or near-perpendicular to slip traces where 
possible, in order to better capture the deformation microstructures in and between slip bands. 
For example, as shown in Figure 3.2b, the two sets of slip traces visible were approximately 
perpendicular, so the liftout was oriented at an angle less than 90° but greater than 0° to both. For 
extraction from fracture surfaces, a subsurface grain boundary intersecting the fracture surface 
was selected on one of the two failed sections. One liftout was taken across the boundary 
approximately perpendicular to the boundary trace and another liftout taken from one of the 
adjacent grains approximately perpendicular to surface slip traces. Then, matching areas were 
identified on the opposite fracture surface and extracted in approximately the same 
configuration. This allowed for comparison of opposite sides of the same fractured region. 
Since the literature documenting the behavior of polycrystalline Ni in uniaxial tension is 
extensive [4-6], fewer liftouts were taken from the uncharged specimen free surface. The 
uncharged specimen strained to failure exhibited ductile failure, necking down to a knife-edge in 
the center of the gauge length such that no grain boundaries could be identified at the final 
fracture surface. Local deformation in the necked region was increased drastically such that the 
underlying microstructure could not be compared meaningfully to that in specimens which failed  
at lower strains intergranularly [7, 8]. Consequently it was not deemed necessary or practical to 
extract fracture surface samples from uncharged specimen for analysis. 
3.4.1.2 FIB Liftout Process 
After features of interest were identified, a protective layer of Pt was deposited on the sample 
surface using the electron beam operating at a 3 kV accelerating voltage. The Pt layer preserved 
the sample surface features, allowing for correlation of subsurface microstructural features with 
the deformed surface topography and slip traces. After deposition of a Pt layer approximately 
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200 nm thick, subsequent deposition was performed with the FIB beam to achieve a 1-3 μm thick 
layer of Pt, as shown in the boxed region in Figure 3.2b. 
Next, the FIB was used to dig trenches on either side of the deposited Pt, creating a rectangle of 
preserved material perpendicular to the sample surface, Figure 3.2c. A “U”-shape was cut into 
the rectangle, leaving the area of interest attached at one corner, Figure 3.2d. Next, an 
Omniprobe needle was inserted into the work area and welded to the protective Pt cap with more 
Pt. The attached corner of the rectangle was cut off with the FIB, and the needle was used to lift 
out the TEM specimen, Figure 3.2e. 
The needle was then used to transport the liftout over to a separate Cu grid. The bottom two 
corners of the liftout were brought into contact with the grid, and welded there with Pt. The 
needle was removed and, finally, the sample thinned to electron transparency, Figure 3.2f. At the 
end of the thinning process, the FIB accelerating voltage was reduced from 30 kV to 5 kV to 
minimize FIB damage on the faces of the sample. In this manner, samples were extracted from 
specific areas of interest for S/TEM analysis without destroying the entire sample and while 
preserving the relevant microstructural features.  
The major drawbacks of this technique included sample preparation time, sample size, and ion 
damage. The FIB liftout process requires considerable expertise and is very time-consuming, 
with the time increasing rapidly as liftout size increases. This means that often, few sample areas 
within the range of approximately 10 μm x 10 μm x 200 nm in size are extracted and conclusions 
about the general microstructure must be extrapolated from these areas [9]. To overcome this, the 
present study extracted a total of twenty-six samples to analyze the development of strain in a 
systematic manner at various stages. Further, the majority of samples were 20-40 μm wide and 
20-30 μm tall, which allowed for a better comparison of deformation structures near grain 
boundaries with grain interior structures and of misorientations developed across dislocation 
structures adjacent to grain boundaries. The surface damage, generally present up to 
approximately 13 nm into the sample surfaces, was reduced where possible.  
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3.4.2 S/TEM Imaging Analysis 
3.4.2.1 Diffraction Contrast STEM Technique 
Diffraction contrast STEM imaging was utilized to image deformation microstructures in this 
study. STEM analysis of crystalline defects relies on the principle of reciprocity, which dictates 
that STEM images of defects can be interpreted in the same manner as conventional TEM 
(CTEM) images if the angle of the beam exiting the specimen in STEM, in other words the 
divergence angle, is equivalent to the incident angle of the beam in CTEM [10].  
Results have shown that when the STEM divergence angle is increased, which approximates a 
more convergent beam or wider C2 aperture in CTEM, imaging of defects can be improved 
compared to equivalent diffraction conditions in CTEM. This is a result of the direct relationship 
between the STEM divergence angle and the dimensionless deviation parameter wg [10]. An 
increased divergence angle or wg reduces the appearance of imaging artefacts such as thickness 
fringes and bend contours, and modifies contrast of defects to appear closer to the defect cores 
[11]. This aided in uniform imaging of highly-deformed regions with large dislocation density 
such as those near fracture surfaces. 
In CTEM, imaging with large wg, such as in kinematical diffraction conditions, decreases the 
signal-to-noise ratio, decreasing overall image contrast. In STEM, the camera length can be 
adjusted such that the transmitted beam and parts of the diffracted beams fall on the BF detector, 
which increases the signal-to-noise ratio and thus image contrast in BF [12]. Additionally, since 
STEM detectors are annular, the ADF detectors receive signal from multiple diffracted beams 
simultaneously, similarly increasing signal-to-noise ratio in DF compared to CTEM DF images. 
Small fluctuations in contrast that occur due to local orientation fluctuations in highly-strained 
regions are also reduced since portions of the transmitted beam diffracted at small angles still fall 
on the BF detector. Thus, the benefits of a large wg can be utilized in STEM without loss of 
contrast. 
The increased brightness in STEM allowed for imaging of defects at zone-axis conditions, where 
the electron beam is parallel to a crystallographic direction with multiple strongly-diffracting 
planes [13]. In zone-axis CTEM, significantly less signal passes through in the transmitted beam, 
making it difficult to obtain adequate contrast in BF or any single selected diffracted beam. In 
74
STEM with a small camera length, the BF detector receives some additional signal from the 
multiple low-order diffracted beams, increasing transmitted-beam signal without significantly 
affecting the interpretation of images based on crystallographic diffraction contrast. Zone-axis 
STEM imaging allowed for edge-on imaging of planar defects and easier characterization of slip 
planes and other defect characteristics. Finally, zone-axis STEM imaging reduced the contrast 
produced from surface FIB damage relative to that produced by internal defects since diffraction 
of the transmitted beam by the small surface loops was relatively small compared to that of other 
defects. This provided a significant advantage when analyzing dense dislocation structures such 
as those developed near fracture surfaces.  
STEM imaging required a careful balance of parameters, such that artefacts were reduced while 
near-reciprocal conditions were maintained for accurate image interpretation. CTEM analysis 
was conducted along with STEM in this study in order to verify the STEM results and to obtain 
diffraction patterns.  
3.4.2.2 Image Acquisition Parameters 
Specimens were evaluated using a double-tilt specimen holder with +/- 70° of tilt in x and +/- 
20° tilt in y. Images were acquired with BF and HAADF detectors in STEM mode and a Gatan 
Ultrascan CCD in CTEM mode. The images used for quantitative measurements were taken in 
BF STEM with each grain at an <011> zone axis orientation with respect to the electron beam, 
except in specimens where all <011> orientations were outside of the microscope stage tilt range. 
For those specimens, measurement images were taken at the nearest <112> zone axis. These 
conditions allowed for measurements of deformation microstructure characteristics such as 
dislocation wall thicknesses and dislocation cell interior areas to be compared in the most 
uniform manner possible, since it is not possible to determine the orientation of the underlying 
dislocation structures to the FIB liftout plane prior to extraction. In specimens with multiple 
grains, this necessitated collecting images for each grain at different orientations with respect to 
the electron beam direction. In these cases, images taken at the same orientation with respect to 
the electron beam were also collected for accurate spatial comparison of dislocation structures on 
both sides of a boundary. 
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3.4.2.3 Image Treatment and Post-Processing Analysis 
Multiple STEM images were collected across each liftout specimen area and later stitched 
together in Adobe Photoshop to create montages of deformation structures. A local contrast 
normalization filter and blending were utilized in the Fiji/ImageJ open source software package 
and Photoshop to smoothly stitch montage images together. Care was taken to preserve 
background contrast fluctuations where they were deemed important to accurately represent the 
microstructure.  
From these montages, images of dislocation cell structures, band structures, and boundary 
features were used for analysis. Representative regions were selected from each grain, outlined, 
and the defect structures within were traced manually in Photoshop. Each tracing was used to 
create a black/white thresholded duplicate of the region, which were then analyzed in ImageJ 
software. ImageJ plugins allowed for automated calculation of dislocation cell interior sizes, cell 
size distributions, dislocation wall area, elongation, and more from tracings. This quantitative 
data was then compiled and compared across samples. Diffraction pattern analysis was also 
performed in ImageJ, including measurement of d-spacings, angles, slip band orientations, and 
orientation of image features relative to diffraction patterns. 
3.4.3 ASTAR Automated Crystal Orientation Mapping 
Automated crystal orientation mapping (ACOM) analysis was performed using the ASTAR 
analysis system [14] and the MTEX grain analysis software package for MATLAB. The ASTAR 
system consisted of a NanoMegas DigiSTAR beam control unit attached to the FEI Tecnai TF-
30 S/TEM, an ultra-fast CCD Stingray camera with a frame rate of 200 fps also mounted on the 
Tecnai TF-30, and the ASTAR indexing software package. 
ACOM in the TEM is analogous to EBSD mapping in the SEM. In TEM mode, the electron 
beam is converged, and the external beam control unit scans the beam over a specified area of 
interest. At each point, an image of the diffraction spot pattern is recorded on the fast CCD 
camera, which is aimed at the small phosphor screen through the specimen viewing window. The 
resulting patterns are indexed, yielding an orientation for each point, which are then used to 
construct a map of the area similar to EBSD orientation maps. TEM ACOM using diffraction 
spot patterns allows for determination of orientations within approximately 0.1-0.2° angular 
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resolution. This angular resolution is comparable to that obtained in typical EBSD maps, but 
TEM ACOM maintains the spatial resolution of conventional TEM, up to approximately 2.5 nm 
[14]. Additionally, spot intensity measurements allow for concurrent construction of virtual BF 
and DF maps from the diffraction patterns. 
Knowledge of the material system and electron diffraction must be applied when selecting 
processing parameters in order to achieve accurate results. For example, maps are indexed in the 
ASTAR software by comparison of each diffraction pattern to a “bank” of generated patterns 
constructed from system parameters such as crystal structure and accelerating voltage.  This can 
lead to ambiguities for indexing maps taken near a high-symmetry zone axis, such as <111> or 
<112> in FCC metals, as the software may not be able to differentiate between axes rotated 180° 
from each other. Additionally, TEM conditions such as beam spot size and accelerating voltage 
affect the map reliability and accuracy of indexing. In this study, maps were collected near 0° tilt 
to the electron beam to minimize spatial distortions due to angle of tilt. Maps were taken using 
spot size 9, 75 μm condenser aperture, and 300 kV accelerating voltage on the Tecnai TF-30 
S/TEM. 
ACOM allowed for a more complete and systematic characterization of the deformation 
microstructures over length scales in the range of several μm than could typically be obtained via 
TEM. Changes in orientation across dislocation cells and walls were determined for a 
statistically-significant number of features in each specimen within a small time span, whereas 
such analysis would otherwise have been prohibitively time-consuming [15]. ROD development 
across dislocation structures was able to be analyzed over large areas and in a large number of 
samples, allowing for a more systematic analysis of hydrogen effects on the deformation 
microstructure. Combined with S/TEM imaging and analysis, the ASTAR ACOM created a 
more holistic picture of the development of strain near grain boundaries, fracture surfaces, and in 
grain interiors. This allowed for conclusions to be drawn regarding how the dislocation structure 
developed during deformation relates to grain-scale changes at the mesoscale. This comparison 
of large sets of data from meso- and microscale analyses allows conclusions to bridge length 
scales in a new way.  
Additional post-processing of ASTAR orientation maps was performed in MATLAB using the 
MTEX code package for EBSD data processing. Indexed orientation maps were exported to .ang 
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files and imported to MATLAB via MTEX in order to create ROD maps, stitch multiple datasets 
together, and perform other complex functions. The majority of the MATLAB code used for 
ASTAR analysis in this study was similar to that used for EBSD, and is also shown in Appendix 
A.  
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4.1 Slow Strain Rate Tests to Failure 
4.1.1 Initial Microstructure 
After annealing, specimens exhibited average grain sizes of approximately 50-100 μm, as 
measured by EBSD. An EBSD orientation map of one of the hydrogen-charged specimens prior 
to straining is shown in Figure 4.1. In the map, each point is colorized according to the 
crystallographic orientation parallel to the tensile axis, which is horizontal in the figure, and the 
stereographic triangle key shown in the inset. Grain boundaries, outlined in black, were 
identified between adjacent points exhibiting 3-5° misorientation or more. Grains were 
approximately equiaxed in all specimens, with few observed special boundaries or twins.   
 
Figure 4.1. EBSD orientation map of an Ni specimen after annealing and prior to straining. 
The specimens exhibited different grain size distributions, generally falling into two general 
categories, as compared for two of the specimens in Figure 4.2. The histograms in Figure 4.2 
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indicate the relative frequency with which different grain sizes were measured for each sample. 
The specimen shown in blue exhibited a greater frequency of small grains with few very large 
grains, while the specimen shown in red exhibited a more even distribution of grain sizes, as 
shown in red. The differences in grain distributions may have influenced the stress-strain 
behavior slightly, as will be pointed out in the text where relevant, but overall is considered not 
to have an encompassing influence on the evolution of deformation microstructure. 
 
Figure 4.2. Distribution of grain sizes in two different Ni specimens (red and blue, respectively) prior to straining as measured by 
EBSD. 
The majority of specimens exhibited little significant grain orientation preference prior to 
straining. As an aside, the terms texture or preferred orientation distribution will be used 
interchangeably in the following discussion, although texture is generally used to refer to a 
preferred distribution of all three Euler angles in rolling experiments and in the current study 
only the orientation with respect to the tensile axis was observed. An example of a typical texture 
distribution is shown in a contour map of the stereographic triangle in Figure 4.3 for one of the 
hydrogen-charged specimens prior to straining. The stereographic triangle is shaded according to 
the density of points exhibiting each orientation, such that dark areas surrounded by tightly-
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spaced contour lines indicate a higher frequency of orientations. Although there was some 
preference for near-<111> orientations in Figure 4.3, it was found to be weak and the presence of 
multiple other peaks indicates that grain orientations were generally well-distributed. Weak or no 
preferred texture was generally observed in all samples. 
 
Figure 4.3. Stereographic triangle contour map of distribution of crystallographic orientations parallel to the tensile axis for a 
hydrogen-charged specimen before straining. 
The angular variation in orientation, otherwise known as the reference orientation deviation 
(ROD) or misorientation, of a point relative to the average orientation of its grain is indicated by 
color in the map in Figure 4.4a. Generally the reference orientation is taken to be the average 
orientation of the grain or region under discussion; any exceptions to this will be noted. Prior to 
straining, the grains exhibited little variation in orientation across the grain, in other words low, 
uniform ROD, indicating a starting microstructure with little defect content. The overall 
distribution of RODs is indicated in the histogram of Figure 4.4b, which indicates the frequency 
with which RODs were measured in the mapped region depending on angular magnitude. The 
distribution indicates that the majority of points deviate from the grain average orientation by 
less than 2°, suggesting that the grains were close to uniform interior orientation prior to the test. 
ROD will be used in the following discussion to mean the angular deviation from a specified 
reference orientation, while misorientation is generally used to describe the difference in 
orientation between two points or across microstructural elements such as slip bands. 
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 Figure 4.4. Reference orientation deviation a) map and b) angular distribution for an Ni specimen after annealing and prior to 
straining. 
4.1.2 Macroscale Stress-Strain Response and Failure 
4.1.2.1 Stress-Strain Response 
Tensile test stress and strain curves for all specimens strained to failure are shown in Figure 4.5. 
The uncharged specimen failed at approximately 25% tensile strain and exhibited an ultimate 
tensile strength followed by a smooth decrease in load with increasing strain, as shown in Figure 
4.5, indicating necking and a significant reduction in cross-sectional area in the gauge section. 
The yield strength of approximately 66 MPa is typical for Ni with a large grain size. There were 
multiple drops in the measured load for the uncharged specimen during the test at approximately 
1% strain, as shown in Figure 4.5. This load drop behavior may be attributed to settling of the 
machine grips, which were different for the uncharged specimen strained to failure, as discussed 
in Chapter 3. However, these load drops are not expected to have significantly affected the 
overall stress-strain response or the evolution of the microstructure with strain in the uncharged 
specimen. 
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 Figure 4.5. Bulk uniaxial tensile test results for uncharged (black) and hydrogen-charged (grey) specimens strained to failure. 
 
The three hydrogen-charged specimens failed at approximately 15%, 6.7%, and 6.2% tensile 
strain respectively, indicating significant embrittlement. Quantitative stress-strain data for all 
tensile tests are given in Table 4.1 for comparison.  








Relative Strain to Failure 
[% of U25 Strain to Failure] 
Failed     
U25 66 284 25.9% 100 
H15 100 275 14.9% 57.5 
H6.7 67 259 6.7% 25.9 
H6.2 68 240 6.2% 23.9 
Interrupted     
U8 46 209  8%   
H8 66 278 8%   
U9.5 57 262  9.5%   
H9.5 114 334  9.5%   
 
The hydrogen-charged specimen which failed at approximately 15% strain, H15, was tested in 
situ in the SEM. The in situ SEM load cell was load-controlled with the loading rate set to 
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approximate the desired strain rate of 10-5 s-1, as opposed to displacement-controlled which was 
used for all other specimens. Thus exact strain-displacement data was not taken from that test, 
although load data over time was obtained. The approximate stress-strain curve for H15 was 
obtained from a separate hydrogen-charged specimen tested under displacement control that 
exhibited both yield point and load at failure within 2 MPa of the values observed for H15. This 
approximate stress-strain curve, along with the stress-strain curves for the uncharged specimen 
that failed at 25% strain and the hydrogen-charged specimens that failed at 6.2% and 6.7% 
strains, respectively, are shown in Figure 4.5. 
H15 exhibited a significantly higher yield point than the uncharged specimen which failed at 
approximately 25% strain, U25, although they hardened at similar rates, as shown in Figure 4.5. 
The specimens that failed at the smallest strains, H6.7 and H6.2, exhibited approximately the 
same yield stress as the uncharged specimen, but appeared to harden at a significantly higher 
rate. H6.7 and H6.2 achieved stresses at approximately 6% strain that were within 40 MPa of the 
uncharged specimen ultimate tensile strength, which was reached at approximately 21% strain.  
The discrepancy in yield points and hardening behavior between the hydrogen-charged samples 
which failed at 6-7% strain and the hydrogen-charged specimen which failed at 15% strain may 
be attributed to the specimen handling. All of the hydrogen-charged specimens spent 
approximately 4 days at room temperature during transportation from the hydrogen-charging 
facility in Japan, and were stored in liquid N2 upon their arrival in the U.S. to prevent outgassing. 
H6.7 and H6.2 were tested immediately after removal from the liquid N2 and reaching room 
temperature. H15 was removed from storage for mechanical polishing, EBSD analysis, and 
transportation to the separate in situ SEM testing facility prior to testing, which amounted in total 
to approximately 3 additional days at room temperature.  
The extra time spent at room temperature and residual heat from the polishing process could 
have allowed for hydrogen to outgas partially from the specimen, decreasing the internal 
hydrogen content and reducing the embrittling effect [1]. However, the reduction in elongation to 
failure compared to the uncharged specimen and the intergranular fracture mode indicate that 
hydrogen embrittlement still occurred for H15. Grain distributions for H6.7 and H6.2 showed a 
higher frequency of small grains and slightly smaller average grain sizes than seen in H15 or 
U25, which may have increased the hardening rate in H6.7 and H6.2. 
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4.1.2.2 Failure and Fractography 
The uncharged specimen failed in a ductile manner in the center of the gauge length, exhibiting a 
distinct neck wherein the cross-sectional area smoothly decreased down to the fracture surface. 
The fracture surface consisted of a necked region and a ductile knife-edge along the center of the 
specimen, as shown in the fractograph of Figure 4.6. The SEM fractograph shows the cross-
sectional area of the uncharged specimen after failure, with the knife-edge final failure in the 
center. Dimples were observed at the corners of the cross-sectional area, indicating microvoid 
coalescence in those regions, as indicated by the arrows in Figure 4.6. 
 
Figure 4.6. SEM fractograph of the ductile knife-edge fracture surface and necked region observed in U25. Polished free surface 
at top of image, tensile loading direction into the page. 
All of the hydrogen-charged specimens failed intergranularly at distances 500 μm-1 mm from the 
center of the specimen gauge. The cross-sectional area maintained its original rectangular shape, 
indicating minimal necking, and large, flat facets were observed on the fracture surfaces, as 
shown for H15 in the SEM fractograph of Figure 4.7. A large number of microcracks, indicated 
by arrows in Figure 4.7, were observed along grain boundaries on the fracture surface itself and 
on the external free surfaces. The flat surfaces and evidence of microcracking along grain 
boundaries indicate that the failure occurred along grain boundaries. 
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 Figure 4.7. SEM fractograph of the brittle intergranular fracture surface and microcracks (arrowed) observed for specimen H15. 
Polished free surface at top of image, tensile loading direction into the page. 
Closer inspection of the flat features on the fracture surfaces revealed extensive formation of slip 
traces. The SEM fractograph of Figure 4.8 shows a magnified version of one of the intergranular 
facets on the surface shown in Figure 4.7. Slip traces cover the different facets, often in multiple 
directions, as indicated parallel to the double-headed arrows in Figure 4.8. The prevalent slip 
traces or surface steps indicate that significant plastic processes occurred underneath the fracture 
surface, as slip steps are often correlated with dislocation slip bands. Additionally, ductile 
dimples or voids were observed along a curve on the otherwise flat face, indicated by the 
arrowheads in Figure 4.8. These dimples may indicate that some ductility in the final fracture 
took place, and that it may have been concentrated where the grain boundary curved. However, 
these dimples were not correlated with ductile tearing ridges, so they may represent preexisting 
flaws in the microstructure. In any case, the dimples were not frequently observed and are not 
considered to participate in the majority of the intergranular failure.  
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 Figure 4.8. SEM fractograph of slip traces (double-ended arrows), dimples (arrowheads), and microcracks (single-ended arrows) 
on flat intergranular facets on the fracture surface of H15. 
4.1.3 Macroscale Plasticity 
Bulk or macroscale plastic deformation was measured at the scale of many grains by changes to 
macroscopic crystallographic texture, or development of preferred crystallographic orientations, 
and changes to observed grain shapes with strain. 
4.1.3.1 Preferred Orientations with Strain 
The uncharged specimen developed a preferred orientation of <111> oriented parallel to the 
tensile axis after straining to failure, as shown in Figure 4.9a. The stereographic triangle contour 
map of Figure 4.9a for U25 shows a single dark peak at the <111> corner, indicating that an 
overwhelming majority of the grain areas investigated had rotated toward <111> during strain. 
This behavior was anticipated since the <111> orientation is oriented for approximately equal 
activation of slip systems and thus is considered a stable orientation, and grains of most initial 
orientations rotate towards <111> in FCC metals [2, 3]. 
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 Figure 4.9. Stereographic triangle contour maps shaded according to distribution of orientations parallel to the loading axis, for 
specimens strained to failure. a) U25, b) H15, c) H6.7, d) H6.2. 
The hydrogen-charged specimens all exhibited preferred orientations surrounding either the 
<001> or both the <111> and <001> corners, Figure 4.9b-d. This indicates that the presence of 
hydrogen changed the favored end texture to include the <001> corner in addition to the <111> 
corner. The presence of some remaining <001> orientations in hydrogen-charged specimens 
compared to the uncharged specimen may be attributed to the difference in macroscopic strain 
levels; this influence was investigated in texture comparisons for the interrupted tensile tests at 
the same strain. The hydrogen-charged specimen with the highest strain at failure, H15, notably 
did not exhibit any <111> texture, although some preference towards <111> orientations would 
be expected at 15% strain. <011> orientations appeared less frequently after straining in both 
uncharged and hydrogen-charged samples.  
4.1.3.2 Grain Morphology  
The uncharged specimen exhibited significant elongation of grains and rotation of grain 
boundaries towards the tensile axis. Figure 4.10a shows an SEM micrograph of the free surface 
of U25 within approximately 1 mm of the fracture surface on the right. Grain boundaries are 
evident as sharp contrast changes in the image, which indicates a change in surface topography 
in SEM images. The change in topography occurs at grain boundaries on the surface since slip is 
impeded at most boundaries during straining, and the free surface allows for deformation in the 
grain volume to manifest as topographical changes. The grain boundaries in the uncharged 
specimen are primarily oriented within approximately +/- 40° of parallel to the tensile axis.  
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 Figure 4.10. SEM micrographs indicating grain boundaries on the free surfaces of a) U25 and b) H15. Tensile axis (TA) is 
horizontal in a and b. 
Changes in the boundary topography were largest at the fracture surface, and decreased with 
increasing distance from the fracture surface until they were negligible near the specimen grip 
ends. This is shown in the montage of SEM micrographs in Figure 4.11a. Near the fracture 
surface, indicated on the right, contrast changes due to grain boundary disruptions are frequent 
and apparent. This effect decreases as the grip ends are approached to the left, until 
approximately 6 mm from the fracture surface. There is a transition region between 6 mm and 8 
mm from the fracture surface wherein some disruptions are evident, but are not as frequent, and 
past approximately 8 mm from the fracture surface the free surface appears largely smooth, with 
only gradual contrast fluctuations. 
89
 Figure 4.11. Montages of SEM micrographs of a) U25 and b) H15, indicating the grain boundary disruption behavior as the 
fracture surface is approached. 
EBSD analysis of the grip-ends indicated that grains were primarily equiaxed prior to straining. 
This, combined with observations that the grains elongated along the tensile axis with strain, 
suggests that the grain boundaries reoriented during straining to align with the tensile axis in the 
uncharged specimen. This indicates significant plastic deformation occurred that changed the 
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grain shapes, and that grains communicated strain across boundaries to allow the boundary 
reorientation. The reorientation of grain boundaries grew less significant away from the fracture 
surface, corresponding to the gradient in specimen width along the gauge length. The gradient 
concentrated stress and plastic deformation close to the center of the gauge length. This indicates 
that the grain boundary reorientation is a function of plastic strain and becomes more prevalent 
with increasing strain. 
The hydrogen-charged specimens exhibited significantly less reorientation of grain boundaries. 
The SEM micrograph of Figure 4.10b shows the grain boundary morphology in H15 within 1 
mm of the fracture surface to the right; the tensile direction is horizontal in the image. Despite 
the development of significant macroscopic strain, the boundaries were not observed to reorient 
significantly except in some locations within approximately 50 μm of the fracture surface. The 
stabilization of preexisting grain boundary shapes was also observed in H6.7 and H6.2. 
The free surface along the gauge length of H15 is shown in the SEM micrograph montage of 
Figure 4.11b. Boundary disruptions are prevalent near the fracture surface, indicating that 
significant plasticity occurred, and that the difference in plastic deformation was large between 
many adjacent grains. The boundary disruptions become less apparent as the grip ends were 
approached, but unlike in the uncharged specimen, disruptions remained readily visible to within 
approximately 700 μm of the grip marks. This indicates that although significant plasticity 
occurred within grains to alter the surface topography, the difference in strain development 
between grains was significant and was present even in the less-stressed regions near the grip 
ends. 
Grain boundary disruptions in H6.7 and H6.2 were less apparent than those in H15 or U25, and 
were limited to within approximately 1 mm of the fracture surface. Additionally, grains remained 
equiaxed even directly adjacent to the fracture surfaces in H6.7 and H6.2, as expected due to the 
low bulk strains at which they failed, indicating less plasticity than either H15 or U25.  
4.1.4 Mesoscale Plasticity 
Mesoscale plastic deformation was measured at the intragranular length scale, approximately 1 
μm to a few hundred μm, through observations of slip traces on the surfaces, intragranular 
misorientation development, and evidence for microcrack formation/initiation of damage. 
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4.1.4.1 Slip Traces 
In the uncharged specimen, slip traces were prevalent on the surface of the majority of grains, 
particularly closer to the fracture surface. The SEM micrograph of Figure 4.12a shows grain 
boundaries, some of which are indicated by the single-ended arrows, and slip traces, visible as 
groups of parallel lines of contrast change between grain boundaries, on the free surface in U25 
approximately 3 mm from the fracture surface. Slip traces in the uncharged specimen often 
exhibited significant curvature, particularly near grain boundaries and near the fracture surface, 
for example in the grain labeled 1 in Figure 4.12a, slip traces parallel to the double-ended arrow 
curved near the rightmost grain boundary. Slip traces were generally qualitatively broad and 
exhibited gradual changes in contrast, for example the slip traces in grain 1, and most were 
spaced approximately 4-7 μm apart outside of the necked region. Inside the necked region, slip 
traces were observed to be more widely spaced, 6-12 μm apart, but this may have occurred 
through disruption and annihilation of previously existing slip traces. Slip trace activity 
frequently varied across individual grains, for example the slip traces shown on the right side of 
grain 1 or the right side of grain 2 were not seen on the left side of either grain. This indicated 
that different dislocation slip systems may have been active in different regions of each grain.  
 
Figure 4.12. SEM micrographs of slip traces on the free surfaces of a) U25 and b) H15, approximately 3 mm from the fracture 
surfaces.  
Slip traces in multiple directions were observed in the same area in many grains, for example 
grain 3 in Figure 4.12a shows two sets of diagonal traces at approximately 70° angles. However 
it was more frequent to observe grains segmented into multiple sub-regions in which only one set 
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of slip traces was predominantly active. This suggested that different slip activity may have been 
encouraged in different regions of each grain with fewer slip systems active in each subdivided 
region, although the number and activity of slip systems could not be verified via SEM. 
In the hydrogen-charged samples, surface slip traces were even more prevalent than those in the 
uncharged sample. Figure 4.12b shows slip traces on the free surface of H15, approximately 3 
mm from the fracture surface, and grain boundaries, two of which are indicated by single-ended 
arrows. The majority of grains in the hydrogen-charged specimens exhibited slip traces in 
multiple directions, for example in grain 1 of Figure 4.12b, three sets of slip traces are observed, 
each set parallel to one of the double-ended arrows. Slip bands were generally straighter and 
covered more of the grain surface in hydrogen-charged samples than in the uncharged sample, 
exhibiting activity on multiple slip systems across the entire grain in hydrogen. This suggested 
that more slip systems were active over a greater percentage of the grain area in hydrogen.  
Slip traces appeared qualitatively shallower in the hydrogen-charged samples, for example the 
contrast changes tend to be less intense for slip traces in hydrogen-charged samples, as in Figure 
4.12b, than in the uncharged specimen, Figure 4.12a. Slip traces were generally narrower, with 
sharp, localized contrast changes, for example compare the sharp, dense bands in grain 2 of 
Figure 4.12b with the shallower, wider bands in grain 1 of Figure 4.12a. Slip trace spacing was 
significantly smaller than in the uncharged specimen, generally between 1.5-4 μm. These 
behaviors suggested that slip was more concentrated and potentially more planar in the presence 
of hydrogen, yielding the denser, straighter bands. 
H6.7 and H6.2 exhibited extensive slip traces on the free surface within approximately 1 mm of 
the fracture surface, and observable slip traces in grains up to 3 mm away from the fracture 
surfaces. The slip trace spacings generally followed the same trend as in H15, with spacings 
between 1.6-4 μm most frequently observed. This indicates that the presence of hydrogen 
influences deformation and slip activity early in the strain process and is observable beginning at 
low bulk strains. Additionally, the spacings in hydrogen-charged specimens did not appear to be 
as dependent on bulk strain level as they were in uncharged specimens, as evidenced by the 
difference in spacings measured in the neck in U25 and outside of the neck. This indicates that 
hydrogen effects on microstructural development are not necessarily a function of applied strain, 
and may be more dependent on the microstructure that forms. 
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4.1.4.2 Intragranular Reference Orientation Deviations 
During straining of the uncharged specimen, plastic deformation was observed to create 
orientation gradients within grains of initially uniform orientation. ROD maps showed that grains 
in the uncharged specimen contained significant deviations from the grain mean orientation after 
25% strain, as shown in Figure 4.13a. In Figure 4.13a, which was generated based on EBSD 
orientation data taken from the free surface approximately 3 mm away from the fracture surface 
in U25, grain boundaries are indicated by black lines. Grain boundary mantles appear to be 
correlated with the highest angular RODs, for example near the arrowed grain boundary between 
grain 1 and grain 3.   
Fluctuations in RODs were observed to correlate well with slip traces on the surface viewed in 
the SEM. For example, the RODs in grain 2 or grain 4 in Figure 4.13a fluctuated between blue 
(approximately 4° misorientation) and white (near-zero misorientation) in streaks, particularly 
near the center of these grains and near the bottom left corner of grain 2, labeled S in the figure. 
These streaks correlated well with the spacing and location of surface slip traces observed in the 
SEM. This suggests that the deformation that created the surface slip traces also created the local 
rotations leading to orientation fluctuations for the uncharged specimen.  
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 Figure 4.13. Reference orientation deviation maps colorized according to magnitude of angular misorientations of a point with 
respect to the grain average orientation for a) U25 and b) H15. 
The distribution of ROD angular magnitude was affected by local strain level, tending toward 
higher angles near the more highly-strained center of the gauge length where fracture occurred. 
This is shown for U25 in the green histograms in Figure 4.14a (adjacent to the fracture surface) 
and b (approximately 3 mm away from the fracture surface). A higher frequency of ROD 
measurements were made at higher angles near the fracture surface in the specimen necked 
region, Figure 4.14a, than in Figure 4.14b. The distributions indicate the presence of a single 
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peak around 5° misorientation in the necked region of U25, and two peaks at approximately 2.5 
and 4° misorientation, respectively, 3 mm away from the fracture surface. This indicates that 
grain interiors were more highly deformed in the necked region, leading to a greater distribution 
of orientations within grains, as would be expected since deformation is expected to be 
concentrated in the necked region once necking is initiated.  
 
Figure 4.14. Reference orientation deviation distributions according to frequency of angular misorientation magnitudes of points 
within a grain. a) U25 (green) and H15 (blue) near fracture surfaces, and b) U25 (green) and H15 (blue) regions approximately 3 
mm away from fracture surfaces. 
Greater RODs were generally observed several mm away from the fracture surface in the 
hydrogen-charged specimen H15, Figure 4.13b, than in the uncharged specimen, as evidenced by 
the map colorization. Approximately 3 mm from the fracture surface, RODs were highest near 
grain boundaries in H15, indicated by arrows, as was observed in the uncharged specimen. 
However, mantle regions with high RODs were observed more frequently in H15 than in U25, 
for example the arrowed mantle regions in Figure 4.13b compared to the arrowed region in 
Figure 4.13a. Quantitative analysis of ROD distributions confirmed that RODs tended toward 
higher angles in the presence of hydrogen at distances removed from the fracture surface, as 
shown in Figure 4.14b. In Figure 4.14b, the hydrogen-charged ROD distribution (dark blue) 
exhibited two peaks, as did the uncharged ROD distribution, but at higher angles of 
approximately 3 and 6°, respectively.  
The opposite effect was observed adjacent to the fracture surfaces, where hydrogen appeared to 
decrease the distribution of ROD angles compared to that observed in uncharged specimens, 
Figure 4.14a. The hydrogen-charged specimen grains exhibited a primary single peak at 
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approximately 4.5° misorientation. This effect can be attributed to the fact that a neck was not 
formed in the presence of hydrogen due to intergranular failure, so there was no severe 
concentration of plasticity adjacent to the fracture surface as occurred near the fracture surface in 
the uncharged specimen. The increase in RODs in hydrogen-charged specimens compared to 
uncharged specimens in regions outside of the neck indicates that more plasticity tended to 
develop in the form of intragranular rotations within grains in hydrogen, even at significantly 
lower bulk strains, and the maps indicate that this effect was particularly common in the grain 
boundary mantles.  
In hydrogen, RODs were not frequently observed to fluctuate in streaks corresponding to surface 
slip traces as they were in the uncharged case, showing little evidence of the fluctuations like 
those labeled S in Figure 4.13a. For example, in grains 1, 3 and 4 in Figure 4.13b, RODs 
fluctuated in magnitude across the grains, but streaks were not observed despite obvious slip 
traces found on the surface in SEM. Instead, the grains appeared to segment into defined regions 
of different ROD magnitude, with the largest values generally adjacent to grain boundaries, 
without periodic fluctuations or streaks. In grain 2 in Figure 4.13b, for example, some streaks 
were observed labeled S, but these did not correspond to observed slip traces on the free surface 
in SEM images of the same grain. This indicates that the sharp, tightly-spaced slip traces that 
were observed on the free surfaces in the presence of hydrogen did not necessarily correspond to 
plastic deformation that created long-range crystal rotations, even though the plastic deformation 
did cause local steps on the surface. This is in opposition to the frequent correspondence in 
uncharged specimens between observed orientation deviations and slip traces on the free surface.  
RODs in H6.7 and 6.2 were observed to increase upon straining, but significantly less than those 
observed in H15 and U25, as expected based on the macroscopic strain levels. Additionally, 
distributions appeared to be similar in the regions near the fracture surfaces and approximately 2 
mm away in H6.7 and H6.2, such that the measured distributions exhibited a single peak at 
approximately 2.5-3°. H6.2 and H6.3 both fractured approximately 1 mm away from the center 
of the specimen gauge, so the near-fracture regions were not expected prior to testing to be the 
regions of highest stress and strain concentration. Since the distributions were not observed to be 
higher near the center of the gauge length where stress and strain were highest, this indicates that 
hydrogen accelerated plastic deformation in grains along the specimen gauge length away from 
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the center. This was different than the uncharged case, where distributions tended towards the 
largest angles with increasing strain and decreasing distance from the center of the gauge length.  
4.1.4.3 Microcrack Formation 
Multiple microcracks were observed at triple points and along grain boundaries in the hydrogen-
charged specimens, with no observed microcrack formation in the uncharged specimen. Cracks 
appeared to favor nucleation at triple points or grain boundaries oriented approximately 
perpendicular to the tensile axis, and propagated along the boundary plane. This behavior is in 
agreement with previous studies that indicated intergranular failure is increased in the presence 
of hydrogen for specimens with more grain boundaries oriented normal to the applied stress [4]. 
This indicates that grain boundary orientation with respect to the tensile axis may have 
influenced the initiation of failure in the hydrogen-charged specimens.  
The microcracks frequently exhibited significant plastic deformation nearby, for example in 
Figure 4.15a, the slip traces parallel to the rightmost microcrack (arrowed) were highly localized 
to within approximately 20 μm of the cracked boundary, while the leftmost microcrack exhibited 
slip trace emission from the crack tips. The arrested microcracks were typically blunted at their 
tips either by curvature in the boundary and localized plasticity, or by triple junctions cutting off 
the crack path, as shown at the bottom tip of the rightmost microcrack in Figure 4.15a, where a 
triple point is observed to coincide with the microcrack tip. This indicates that microcrack 
propagation may be influenced by plastic processes, although the order of events cannot be 
determined post mortem. 
98
. 
Figure 4.15. SEM micrographs of microcracks, arrowed, formed along grain boundaries at opposite boundaries of a single grain 
in hydrogen-charged specimens a) H15 and b) H6.7. Slip traces parallel to double-ended arrows, tensile axis horizontal. 
In H15, approximately 26 microcracks were observed on the polished free surfaces up to 3 mm 
away from the fracture surfaces. H6.7 and H6.2 showed significantly fewer free surface cracks, 
exhibiting less than 3 microcracks each, all within approximately 300 μm of the fracture surfaces 
and typically intersecting the fracture surface. Additionally, H15 exhibited more ductile tearing 
around the edges of the fracture surface cross-section than H6.7 or H6.2. However, the load did 
not drop observably during the test for H15 prior to failure, indicating that formation of the 
microcracks occurred simultaneously, immediately prior to failure. This indicates that 
microcrack formation may be influenced by the plastic strain level, such that at larger strains, 
more grain boundaries are set up to nucleate microcracks. This signifies that the evolution of the 
deformation microstructure may be correlated to instigation of intergranular failure.  
The earlier failure in H6.7 and H6.2 may have been influenced by the considerably higher 
hardening rates compared to H15. The increased hardening in H6.7 and H6.2 may have made it 
more difficult for microcracks to be arrested after initiation, for example by suppressing emission 
and glide of crack-tip dislocations. However, in order to confirm this explicitly, dynamic 
observations of microcrack formation during the tests would be required.  
In several cases in all three hydrogen-charged specimens, multiple microcracks were observed 
on different edges of the same grain, as shown for grain 1 in the SEM micrographs of both 
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Figure 4.15a and b, where microcracks are indicated at both left and right edges of the grains. 
This may indicate that the local conditions favorable for microcrack initiation are dependent on 
the grain structure, for example the slip band formation or dislocation structures within the grain. 
However, no correlation could be found for the few cases observed between microcrack 
formation and apparent grain boundary type, grain initial orientation, or angle of slip band 
intersection with the boundary. For example, slip traces are nearly perpendicular to the two 
boundaries that cracked in Figure 4.15a, but are close to parallel to the cracked boundaries in 
Figure 4.15b. However, the sample size of these grains with multiple microcracks on their 
boundaries was small, so it may not be possible to observe a significant trend from the limited 
data. 
4.1.5 Microscale Plasticity 
Microscale plasticity was analyzed at the length scale of dislocation structures, a few μm or 
smaller, through observations of dislocation structure sizes and characteristics, defect 
crystallography, and local misorientations in S/TEM. S/TEM analysis was performed on selected 
areas, extracted using FIB micromachining, across grain boundaries at various distances from the 
fracture surfaces in U25 and H15. 
4.1.5.1 Dislocation Cells and Wall Area Fractions 
In the uncharged specimen, an advanced deformation microstructure developed in response to 
the applied strain, with substantial dislocation content organized into well-defined dislocation 
structures. An example of the dislocation microstructure is shown in the montage of bright-field 
STEM images of dislocation structures across a grain boundary 3.7 mm from the fracture surface 
in U25, Figure 4.16. Dislocation cells were easily identifiable as relatively defect-free interior 
areas with light background contrast surrounded by dislocation-dense walls of dark contrast, as 
outlined in the figure. Cells were frequently randomly oriented, equiaxed structures, as shown in 
grain I on the left in Figure 4.16, but were also observed to have more elongated or paralleliped 
structures if the walls were more planar, as shown in grain II on the right. Grains can be 
differentiated in the images by their different dislocation structure characteristics, such as cell 
size or orientation, by differences in background contrast, by the grain boundary (the thin, well-
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defined black line running from top to bottom in Figure 4.16, marked by arrowheads), and by 
changes to the diffraction pattern, shown in the insets in Figure 4.16 for the two grains. 
Figure 4.16. Bright-field STEM montage of the dislocation structures across a grain boundary 3.7 mm from the fracture surface 
in U25 with inset diffraction patterns. Grains I and II separated by the grain boundary indicated by arrowheads. 
To quantify differences in dislocation structure, dislocation cell sizes and the percentage of 
specimen area occupied by dislocation cell walls were measured for each grain analyzed via 
S/TEM. The variation in average cell size with distance from the fracture surface is shown in 
101
green for U25 in Figure 4.17, and the variation in percentage area occupied by dislocation walls 
is shown in green for U25 in Figure 4.18.  
 
Figure 4.17. Average dislocation cell interior area as a function of distance from the fracture surface for failed specimens U25 
(green) and H15 (blue). 
 
Figure 4.18. Average percent area occupied by dislocation walls as a function of distance from the fracture surface for failed 
specimens U25 (green) and H15 (blue). 
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The cell interior size in the uncharged specimen decreased as an approximately linear function of 
decreasing distance from the fracture surface. This was expected because the uncharged 
specimen failed in the center of the gauge length where the cross-sectional area was the smallest, 
in other words where stress and strain were highest. The results indicate that the dislocation cell 
sizes decreased with increasing local strain. Significant differences in cell size were observed 
between adjacent grains the same distance from the fracture surface, as shown for example for 
grains 8 mm from the fracture surface, where one grain exhibited an average cell size less than 
one third of that observed in the adjacent grain. These differences can be attributed to differences 
in dislocation activity between adjacent grains, particularly at lower strains/further from the 
fracture surface in earlier stages of strain. Near the fracture surface, all grains are expected to 
have plastically deformed significantly and developed organized dislocation structures, so 
differences in initial slip have less of an effect, as was observed. 
The minimum average dislocation cell area observed in U25 was 0.066 μm2 at approximately 1 
mm from the fracture surface. Assuming equiaxed cells, this is equivalent to a cell diameter of 
approximately 145 nm. This cell size is indicative of a very advanced microstructure in 
polycrystalline Ni [5]. 
The percentage area occupied by dislocation cell walls, which is considered to correspond with 
overall dislocation density, increased with decreasing distance from the fracture surface and 
decreasing cell size, Figure 4.18. The results indicate that similitude, wherein the dislocation cell 
size decreases as dislocation density increases, is applicable to the specimens analyzed. The 
maximum observed percentage area occupied by cell walls was approximately 58% 1 mm from 
the fracture surface. 
In the hydrogen-charged specimen, dislocation cells were generally similar qualitatively to cells 
in the uncharged specimen. Dislocation cell size followed a decreasing linear trend with 
decreasing distance from the fracture surface similar to the uncharged specimen, as shown in 
blue for H15 in Figure 4.17. The trend in H15 was very similar to the cell size trend observed in 
U25, despite the significantly smaller bulk strain in H15. The same behavior was observed 
comparing the percentage area in dislocation walls in the presence of hydrogen-charged samples 
to that in uncharged specimens. This indicates that although similitude still applied in the 
presence of hydrogen, the relationship between dislocation density or cell size and bulk plastic 
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strain is different when hydrogen is introduced. Despite the difference in bulk strains, the results 
indicate that similar levels of internal microscale plasticity were achieved in the two specimens 
at the microscale. 
In hydrogen, the minimum average cell area observed was approximately 0.014 μm2 directly 
beneath the fracture surface, which for perfectly equiaxed cells would be equivalent to a 
minimum average cell diameter of approximately 66 nm. This cell size is significantly smaller 
than the minimum average cell size observed in the uncharged specimen, however it should be 
noted that measurements were only taken at distances 1 mm or more from the fracture surface in 
U25. It is expected that the minimum cell size within the necked region or immediately beneath 
the final fracture surface in U25 would be the smallest, although it is unclear whether it would be 
smaller than that observed at the fracture surface in H15. However, the small cell size observed 
at the fracture surface in H15 was developed without the presence of a neck, indicating that 
hydrogen accelerates the formation of the deformation microstructure in the bulk without 
necking. 
The maximum area occupied by cell walls was larger in the hydrogen case, approximately 68% 
underneath the fracture surface, than in the uncharged case, indicating an enhanced dislocation 
density in the presence of hydrogen compared to the uncharged specimen outside the neck. In 
H15, grains 11 mm or further from the fracture surface showed a relatively high dislocation wall 
area compared to their average dislocation cell size, for example compare Figure 4.18 and Figure 
4.17. Grains 11 mm or further from the fracture surface in H15 also showed larger percentage 
areas containing dislocation walls compared to that observed in the uncharged specimen 8 mm 
from the fracture surface, despite trends in cell interior area. This indicates that at low bulk 
strains, the influence of hydrogen to increase the overall dislocation density may be different 
than the influence of hydrogen to reduce dislocation cell area. However, determination of such a 
relationship requires statistically significant verification at lower strains.  
4.1.5.2 Geometrically Necessary Boundary Formation  
In the uncharged specimen, geometrically necessary boundaries (GNBs) were observed to form 
in most grains analyzed by S/TEM. Some were planar walls with 5° misorientation or more 
across the wall, composed of thick dislocation bands, as indicated in grain II of Figure 4.16 
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parallel to the dotted lines. When planar walls were observed, they typically laid within 10° of a 
crystallographic {111} or {113} plane. For example, the two projected directions of GNBs 
indicated in the STEM image of Figure 4.16 deviated 6.7° from the (111�) plane and 2.7° from 
the (1�33�) plane, respectively. The plane traces are indicated in the diffraction pattern for grain II 
in Figure 4.16, shown as lines intersecting the transmitted spot (labeled O) and deviating from 
the labeled (111�) and (1�33�) spots. The plane of the GNB should be perpendicular to the vector 
connecting the transmitted spot and the spot corresponding to the crystallographic plane, also 
traced in the inset. The slip band orientation analysis is not exact, since it was generally difficult 
to discern when bands were in an edge-on configuration due to projection effects and variations 
in wall thickness, which was usually 50-100 nm depending on strain level. However, accounting 
for projection effects, the estimates given from the diffraction pattern analysis correspond well 
with expected crystallographic planes given in the literature for GNBs formed by Type I or Type 
III dislocation structures [6].  
GNBs in the uncharged specimen were frequently tortured. For example, a sharp, black GNB is 
indicated by the dotted line in grain I in Figure 4.16, separating regions with different 
background contrast, which was measured to have a misorientation of more than 10° between the 
neighboring sub-regions, or crystallites, that it separated. However, instead of lying along a flat 
plane, the boundary was curved and distorted in multiple places where it intersected other 
dislocation walls. This GNB is expected to have developed in the otherwise equiaxed cell 
structure of grain I to accommodate high local strains, which is indicated by the high local 
dislocation density and small cell size measured in this region (Figure 4.17 and Figure 4.18).  
The high strain level is also indicated by peak splitting in the diffraction patterns, which indicates 
in-plane rotations of the crystallographic planes. The rotations were measured to be 
approximately 4.9° near the GNB in grain I and 1.9° across GNBs in grain II of Figure 4.16, as 
indicated in the diffraction patterns. This indicates that the crystal locally carried a significantly 
high strain, and that the in-plane rotations were higher in grain I. 
GNBs that were generally planar in grain interiors became tortured and curved near the grain 
boundary, as shown in the bright-field STEM montage of Figure 4.19. GNBs, indicated by the 
dotted lines, became significantly curved within 2-3 μm of the grain boundary in the center of the 
image. GNBs were most frequently tortured within 1-4 μm of the grain boundary, which is 
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consistent with observations that grain boundary mantle regions of enhanced slip or refined 
structures typically extend approximately 4 μm from the boundary [7]. The distortion of GNBs 
that appear planar in the grain interiors and formation of tortured GNBs in equiaxed structures 
suggests that dislocation structures which formed in the initial stages of strain in uncharged 
specimens may become distorted as strain evolves, particularly near grain boundaries. 
 
Figure 4.19. Bright-field STEM micrograph montage of GNBs and steps in a grain boundary, approximately 2.3 mm from the 
fracture surface in U25. 
In U25, GNBs generally exhibited misorientations of 5-7°, although in a small number of cases 
with high local strain and small cell size, GNBs could achieve misorientations of 12° or more. 
In the hydrogen-charged specimen, GNBs were observed frequently, and tended to be more 
planar, less tortured, thicker, and represented larger misorientations than in the uncharged 
specimen. GNB structures for the uncharged and hydrogen-charged specimens are compared in 
Figure 4.20a and b, respectively. Despite the higher bulk strain and smaller dislocation cells 
formed locally for the uncharged specimen shown in Figure 4.20a, the GNBs only represented 
misorientations of approximately 5°, and were frequently disrupted or tortured. In Figure 4.20b 
for H15, GNBs were planar and contiguous over longer distances, walls were darker and well-
defined, and the misorientations were approximately 8-10°. This suggests that GNBs were 
potentially denser in the presence of hydrogen. The band planarity indicates that dislocation 
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structures formed in the initial stages of strain in the presence of hydrogen were more difficult to 
warp or distort than in uncharged specimens, and that slip planarity may have been enhanced. It 
should be noted that the dense GNBs shown in Figure 4.20a were projected to lie on planes 
within approximately 5° of {113} type planes and not on primary slip planes, indicating that they 
may have been formed by multiple slip systems instead of one or two primary slip systems as is 
frequently observed for GNBs oriented near {111} slip planes. 
 
Figure 4.20. Bright-field STEM micrographs of GNB structures in a) U25 approximately 4.0 mm from the fracture surface and b) 
H15 approximately 3.9 mm from the fracture surface. GNBs indicated parallel to dotted lines. 
GNBs were observed to form at earlier stages of strain in the presence of hydrogen than in 
uncharged specimens, or in other words, further from the fracture surface with low local 
dislocation density. For example, thick, planar GNBs with misorientations of approximately 6° 
were observed 11.5 mm from the fracture surface in hydrogen, despite the relatively large cell 
size (Figure 4.17), as shown in the bright-field STEM micrograph in Figure 4.21. This indicates 
that even for low bulk strains and large cell sizes, dislocations were able to form well-defined 
structures in the presence of hydrogen. Additionally, this indicates a mechanism for enhanced 
segmentation of grains in hydrogen. If GNBs form at lower bulk strains with larger degrees of 
misorientation in the presence of hydrogen, grains may be set up to segment into crystallites 
deforming by different slip activity at earlier stages of strain. This would agree with observations 
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of increased intragranular RODs observed in H15 compared to U25 despite the lower bulk strain 
in the hydrogen-charged specimen.  
 
Figure 4.21. Bright-field STEM micrograph montage of dislocation wall formation near a grain boundary in H15 approximately 
11.5 mm from the fracture surface. GNBs indicated parallel to dotted lines. 
4.1.5.3 Dislocation Structures Intersecting Grain Boundaries 
In the uncharged specimen, an influence of grain boundary type on strain development near the 
boundary was not observed. The uncharged specimen was in an advanced stage of strain such 
that determination of which slip systems were incoming or outgoing during initial stages of 
deformation could not be made. Additionally, although grain boundary types were estimated 
from diffraction pattern analysis, for example as indicated in Figure 4.16, the advanced state of 
deformation often created significant orientation deviations within grains in the observed 
regions, so the measured boundary characteristics were only approximations of the original grain 
boundary conditions. 
The presence of a grain boundary, regardless of type, did appear to affect dislocation structures. 
Specifically, the distortions of dislocation bands that were otherwise planar in the grain interiors 
were found to be linked to distance from a grain boundary. Grain boundaries also changed the 
surrounding dislocation structure relative to grain interiors and increased local misorientations. 
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For example, the bright-field STEM montage in Figure 4.22 shows two grains with well-
developed cell structures separated by a central grain boundary running from top to bottom of the 
image. In the left grain, the dislocation structure comprises two sets of planar GNBs (parallel to 
the dotted lines) and significant dislocation cell wall content in the grain interior. Within 
approximately 3 μm of the grain boundary in the left grain (indicated by the solid line), one set of 
GNBs disappears and the remaining set becomes tortured (dotted line). The cells are larger and 
the cell interiors are cleaner of dislocations near the boundary as well. It is unlikely that this 
change in dislocation density in the near-boundary cells occurred due to sample preparation 
effects, since the specimen was observed to be of approximately uniform thickness across the 
horizontal direction and cells further away from the boundary appeared to be fairly uniform in 
the grain. In the right grain, a tortured GNB separates the region within approximately 3 μm of 
the grain boundary as well, and dislocation cells appear smaller and denser within the mantle.  
 
Figure 4.22. Bright-field STEM micrograph montage of dislocation structures across a grain boundary in U25 approximately 1 
mm from the fracture surface. 
This behavior indicates that grain boundaries had a significant effect on dislocation 
microstructures, particularly that the presence of a boundary allowed for locally different slip 
activity that appeared to disrupt structures formed in response to the bulk applied stress. The 
effect was observed for multiple types of grain boundary in the uncharged case, including 
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random high-angle boundaries and what was estimated to be a coherent twin boundary prior to 
deformation.  
The intersections of GNBs with grain boundaries were observed to correspond well with steps, 
local curvature, or facets in the grain boundary plane approximately 30 nm-500 nm in height. In 
Figure 4.16, Figure 4.19, and Figure 4.22, steps in the grain boundaries are indicated by 
arrowheads. In each case, the steps or facets in the boundary can be seen to intersect a dark GNB 
in one or both adjacent grains. For example, in Figure 4.19, thick, planar GNBs in the left grain, 
indicated by the arrows, intersected all three of the grain boundary steps, while less dense, 
thinner GNBs in the right grain, also indicated by arrows, intersected the topmost and 
bottommost grain boundary steps.  
Grain boundaries in the EBSD maps of the preexisting microstructure for these specimens were 
generally smooth macroscopically. Smooth grain boundary configurations are also generally 
observed for grain boundaries in well-annealed microstructures, at least at the length scale of 
approximately 1 μm for which atomic-scale grain boundary steps are not visible. This, in 
addition to the direct correspondence between deformation structures and the boundary steps, 
suggests that the observed steps were formed during deformation and are related specifically to 
GNB formation in the uncharged specimen. This may suggest that plastic deformation of the 
boundary itself is a necessary component to maintaining compatibility in deformed polycrystals. 
In the presence of hydrogen, dislocation structures were only occasionally observed to differ 
qualitatively in the mantle region around the grain boundary from those in grain interiors. For 
example, in Figure 4.21 showing the dislocation microstructure across a boundary 11.5 mm from 
the fracture surface in H15, the region within approximately 2 μm of the grain boundary in the 
left grain (separated by the dotted line) clearly shows less GNB formation than in the left grain 
interior. This effect was significantly rarer in the presence of hydrogen, and was less apparent 
when it was observed than in the uncharged specimen.  
Instead of forming different dislocation structures, the mantle region in the presence of hydrogen 
was more frequently observed to change orientation. In the bright-field STEM montage of 
dislocation structures in two adjacent grains approximately 2 mm from the fracture surface in 
H15 shown in Figure 4.23, grains I and II both exhibit GNB formation in the grain interiors, in 
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directions parallel to the dotted lines. The grain boundary is indicated by arrows. In grain I on the 
left, the background contrast appears to darken as the grain boundary is approached, but the 
GNBs remain planar on approximately the same plane up to where they intersect the grain 
boundary, they do not become tortured, and cell sizes and structures generally remain the same 
as in the interiors. This indicates that the contrast change is due to a gradual change in 
orientation, not necessarily a qualitative change in dislocation structure. This was not a result of 
local bending or sample preparation, as the sample was confirmed to be approximately uniform 
in thickness with no observable bending after imaging in STEM. In grain II on the right, there is 
very little difference even in background contrast between grain interior and the grain boundary 
mantle. This indicates that in hydrogen, significant changes in orientation can be attained near 
grain boundaries while dislocation structures remain similar to those observed in grain interiors 
up to approximately 16 μm away. 
Additionally, the presence of hydrogen appeared to suppress the formation of steps on grain 
boundaries at GNB intersections. In Figure 4.23, despite significant intersecting slip, the 
boundary remained flat; a higher-magnification view of the boundary is shown in the inset. This 
was consistently the case for internal grain boundaries extracted from the hydrogen-charged 
specimens, even though GNBs that intercepted grain boundaries in the hydrogen-charged 
specimens tended to exhibit higher degrees of misorientation than those in the uncharged 
specimen. This indicates that the presence of hydrogen may suppress formation of steps 30 nm or 
larger on grain boundaries away from the fracture surface compared to uncharged specimens.  
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 Figure 4.23. Bright-field STEM micrograph montage of dislocation microstructure across a grain boundary in H15 approximately 
2 mm from the fracture surface, with grain boundary outlined in black (center), and inset illustrating grain boundary structure at 
higher resolution. 
4.1.5.4 Grain Boundary Effects on Local Reference Orientation Deviations 
In the uncharged specimen, adjacent grains generally exhibited similar spatial distributions of 
RODs across the grain boundary, as shown in Figure 4.24.  
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 Figure 4.24. Microstructure across a grain boundary approximately 1 mm from the fracture surface in U25. a) ROD map overlaid 
on bright-field STEM montage of the dislocation structure indicating map placement, b) ROD map obtained by ACOM. 
The ROD map in Figure 4.24 corresponds to the dislocation structures shown in Figure 4.22, as 
indicated by the inset in Figure 4.24a (included for clarity). GNBs identified in STEM 
113
corresponded to regions of locally high ROD (dotted lines), and the arrowheads indicate several 
of the steps in the grain boundary. The regions of highest ROD corresponded to GNBs and grain 
boundary steps, and were also spatially matched across the boundary. The largest fluctuations in 
ROD corresponded to dislocation structures, and the maximum values were approximately 7-8° 
in both grains over approximately the same distance.  
In one case in the uncharged specimen, local misorientations were observed to be significantly 
higher in only one of the grains adjacent to a boundary, as shown for the left grain in Figure 4.25. 
Local orientation deviations reached up to 25° in grain I on the left, and were particularly high 
near the long arrows, while they were only observed to reach a maximum of approximately 6° in 
grain II on the right. However the heightened ROD was still correlated with local steps in the 
boundary and significant local curvature. The largest fluctuations in ROD were still observed to 
correspond to GNBs in both grains. Additionally, this region exhibited dislocation cells near the 
minimum size and dislocation wall coverage near the maximum observed for the entire 
uncharged specimen, indicating significantly advanced deformation. This suggests that the 
increased ROD fluctuations in grain I of Figure 4.25 may have occurred in response to work-
hardening in the adjacent grain II, which may have been less able to deform plastically after 
developing such a locally high dislocation density. Without knowledge of the dynamics of the 
interaction, it is unclear which microstructural effect was a consequence of the other. However, 
the results indicate that in the uncharged case, mantle regions with high ROD can still be 
accommodated by some local distortion of the adjacent grain boundary. 
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 Figure 4.25. ROD map, obtained by ACOM, across a grain boundary approximately 3.7 mm from the fracture surface in U25. 
In the hydrogen-charged specimen, adjacent grains did not appear to develop similar spatial 
ROD distributions, as shown in Figure 4.26b for a grain boundary approximately 3.9 mm from 
the fracture surface in H15. The RODs were collected for an area containing the region shown in 
Figure 4.20b, as reproduced in Figure 4.26a for reference to the dislocation structure. The largest 
ROD fluctuations still corresponded to GNBs, for example parallel to the dotted lines in the left 
grain. However they were much higher in the left grain, such that GNBs in the left grain showed 
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misorientations of up to 10° while in the right grain, GNBs exhibited maximum RODs of 
approximately 6°. GNBs with significant orientation fluctuations also did not extend as far into 
the grain, as shown in Figure 4.26. This was consistent across most grain boundaries observed in 
the hydrogen-charged specimen, even for the low strains in regions approximately 11 mm from 
the fracture surface.  
 
Figure 4.26. ROD map, obtained by ACOM, across a grain boundary approximately 3.9 mm from the fracture surface in H15. 
This indicates that in the presence of hydrogen, neighboring grains may have accommodated 
grain boundary constraints less evenly across boundaries than in uncharged specimens. This 
occurred despite observations of enhanced plasticity and dislocation density. This provides a 
means to interpret observations that internal grain boundaries did not become as distorted or 
aligned with the tensile axis in the presence of hydrogen as they did in the uncharged specimen.  
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4.1.5.5 Microstructure beneath the Intergranular Fracture Surface of the 
Hydrogen-Charged Specimen Perpendicular to Slip Traces 
The dislocation structure beneath both fracture surfaces in H15 was investigated, as shown in the 
bright-field STEM montages of Figure 4.27a and b. The two intergranular fracture surfaces 
created by fracture of H15 were carefully imaged in SEM, and fiducial markers were identified. 
Then a flat intergranular facet with slip traces on the surface similar to that shown in Figure 4.8 
was identified on one of the fracture surfaces, section 1, and matched to its mating surface on the 
opposite fracture surface in section 2. S/TEM areas were extracted perpendicular to both fracture 
surfaces via FIB machining, which allowed for the preservation of the fracture surface features, 
so correlations could be made between surface slip steps and underlying dislocation structure 
across a failed grain boundary.  
Internal grain boundaries were not observed in the liftouts taken perpendicular to surface slip 
traces on either side of the fracture surface, Figure 4.27, so the failure was confirmed to be truly 
intergranular. Dislocation cells were small and refined, and the dislocation wall structure was 
dense and extensive; little change in dislocation structure was found within the examined areas, 
up to 16 μm from the fracture surfaces. In both grains, two sets of GNBs with thick walls were 
observed, in directions parallel to the dotted lines, as were straight, double-walled compact 
microbands, indicated by arrows. The double-walled microband structure is typical of second-
generation microbands [8], which appear to shear through existing dislocation cell structures, as 
shown in the higher-magnification STEM image in Figure 4.28. Where these microbands 
intercepted specimen surfaces, they typically created sharp steps of approximately 180-230 nm 
in height. 
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 Figure 4.27. Bright-field STEM micrograph montages of the dislocation structures beneath matching intergranular facets on 
opposite fracture surfaces in H15, a) structure beneath surface of section 1, b) section 2.  
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 Figure 4.28. Double-walled microband cutting through existing dislocation cell structure observed in a grain adjacent to the 
fracture surface in H15. 
Surface steps were generally broad and shallow in Figure 4.27a, while steps were smaller and 
sharper in Figure 4.27b, for example as arrowed at the surface. Steps on the fracture surfaces 
were observed to correspond to intersecting GNBs and compact microbands. In Figure 4.27a, 
broad surface steps corresponded well to GNBs that intersected the surface at approximately 90°. 
In Figure 4.27b, on the opposing fracture surface, broad steps corresponded more directly with 
GNBs 20-30° from parallel to the fracture surface. The sharpest steps on the fracture surfaces, 
for example the arrowed surface step in Figure 4.27b, corresponded to compact microband 
intersections with the fracture surface. This indicates that slip bands may be correlated with the 
formation of damage along grain boundaries in the presence of hydrogen that leads to 
intergranular failure. 
ROD analysis of the regions depicted in Figure 4.27 demonstrated that, similar to the internal 
boundaries that did not fracture, local ROD fluctuations were larger in one of the grains near the 
boundary, in this case the grain of Figure 4.27b. Particularly, there is a near-surface region with 
slightly different contrast, indicated by the double-ended arrow, which was found to exhibit 
GNBs with RODS of approximately 7°. In the grain of Figure 4.27a, fluctuations in ROD were 
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observed across GNBs, but were limited to approximately 5°, and were not raised in the near-
surface region. This suggests that one of the grains was hardened more than the other (the region 
shown in Figure 4.27a), even though dislocation wall area percentages and dislocation cell 
interior sizes were similar. Further, since dislocation cells were at a minimum beneath the 
fracture surface, and the size of these cells was comparable to the minimum size that was 
observed outside the necked region in the uncharged specimen at a much higher strain, this 
suggests that the enhanced plasticity at the microscale in the presence of hydrogen may be 
intimately related to intergranular fracture. 
4.1.5.6 Microstructure at Internal Grain Boundaries Intersecting Fracture Surfaces 
The microstructures across subsurface grain boundaries that intersected fracture surfaces but did 
not fracture were investigated for H15, both on the fracture surface and at an interrupted 
microcrack. This is shown in the bright-field STEM montage of Figure 4.29a, depicting the 
dislocation structures beneath the fracture surface, marked at the right, and surrounding the 
internal grain boundary, marked and traced near the left. Both grains exhibited refined 
dislocation cell structures that remained fairly uniform throughout the grain interiors. The 
exception was increased formation of double-walled compact microbands in the vicinity of the 
grain boundary and the fracture surface, indicated by the arrows and dotted lines. The compact 
microbands were observed to correspond exactly with steps in the internal grain boundary and on 
the fracture surface, showing even stronger direct correlation than GNBs. This indicates that the 
formation of steps on the boundaries may be correlated with advanced microstructures observed 
near regions that failed. However, without dynamic observations, it is difficult to determine 
whether microband formation occurred prior to failure, and if the relationship is causal or 
coincidental. 
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Figure 4.29. Microstructure beneath the fracture surface and across an internal grain boundary in H15. a) Bright-field STEM 
montage of dislocation structures, b) ROD map, obtained by ACOM. 
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ROD maps of the same region, shown in Figure 4.29b, indicate that the compact bands formed in 
regions of very high local fluctuations in ROD, for example across the dotted line. The pixelated 
region in the center of the ROD map was a region that could not be properly indexed during 
processing due to high strains and was not considered in ROD analysis. The compact bands were 
not observed to form in the uncharged specimen, and were only observed near the fracture 
surfaces in regions with the highest dislocation density and smallest cells in the hydrogen-
charged specimens. This confirms that formation of microbands occurred in late stages of strain 
when well-developed dislocation microstructures and large local orientation fluctuations were 
present. 
Comparison of failed boundaries with adjacent unfractured boundaries found that the failed 
boundaries fulfilled two criteria. First, the boundary plane tended to be largely straight with some 
step formation. Second, one or both of the adjacent grains tended to exhibit less ROD fluctuation 
near the fractured boundary than the opposite grain. The boundaries that did not fail were 
disrupted, as shown in Figure 4.29a. In fact, these boundaries adjacent to fracture surfaces that 
did not fail were the only internal boundaries that were observed to be disrupted by steps in the 
hydrogen-charged case and accommodated significant ROD fluctuations on both sides of the 
boundaries. This may indicate that part of the effect of hydrogen to enhance intergranular failure 
is dependent on compatibility constraints. When only one of two adjacent grains rotates 
significantly, the grain boundary may be set up as the weak link for failure. The results indicate 
that hydrogen may have allowed for development of a more advanced microstructure than is 
typically developed in uncharged specimens. 
4.1.5.7 Microstructure Surrounding an Arrested Microcrack 
A microcrack on the free surface of H15 located between two grains approximately 2.5 mm from 
the fracture surface was selected for microstructural analysis. The region from which the 
microcrack was extracted on the free surface is indicated by the black box in the SEM montage 
in Figure 4.30a.  
122
 Figure 4.30. Bright-field STEM micrograph montage of dislocation structures surrounding an arrested microcrack in H15, 
approximately 2.5 mm from the fracture surface. 
Figure 4.30b shows the local topography on the free surface surrounding the microcrack. The 
region selected for TEM sample extraction, indicated by the black box in Figure 4.30b, was 
chosen to be ahead of the arrested crack tip. This allowed for comparison of the separated 
regions with parts of the grain boundary that were still connected. Figure 4.30c shows the 
deformation microstructures surrounding the arrested crack. The microcrack extended beneath 
the free surface, such that the grains were connected by a ligament on the free surface. Three 
grain boundaries were identified, labeled GB and traced with solid black lines outlined in white. 
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Four grains were observed, labeled I-IV. Diffraction analysis indicated that what appeared to be 
two grains intersecting the free surface was actually three, grains I-III. The internal surface of the 
microcrack was not protected by Pt during the FIB extraction process, such that redeposition 
occurred during milling. However, the redeposited material exhibited an amorphous 
microstructure, which allowed for the underlying original microcrack surface to be identified. 
The microstructures in the grains on opposite sides of the failing boundary, grain boundary 1, 
indicated different stages of microstructural development. Grains I and IV on the left exhibited 
some GNB formation, indicated by the dotted lines, but primarily comprised dislocation cells. 
These GNBs ran approximately parallel to grain boundary 1, and exhibited relatively low 
misorientations of approximately 5-8°. The left microcrack surface along grain boundary 1 
appeared largely flat, with few steps only on the interior between grain I and grain III. This 
indicates that the microstructures in grains I and IV had little influence to disrupt the boundary 
prior to crack advance. 
Grain II on the right exhibited significant subgrain formation in the region within approximately 
2 μm of the crack surface, as indicated by the solid black line. The subgrains only appeared near 
the microcrack tip, where grain II appears to have pulled away from the intersection of four 
different grains, and exhibited misorientations across the subgrain walls of up to 40°. This 
indicates that the subgrains formed in a regions of high strain and high stress, as expected for 
late-stage microstructural features. GNBs were also observed in grain II further away from the 
crack surface, indicated parallel to the dotted line. The GNBs in grain II tended to exhibit 
significantly higher misorientation up to approximately 20°. Further, steps were observed on the 
crack surface of grain II, corresponding approximately to the GNBs perpendicular to the surface, 
for example as indicated by the arrows in Figure 4.30c. The presence of the steps corresponding 
to the GNBs on the right crack surface and not the left indicates that some of the crack surface 
features may have been formed after cracking due to the GNBs. No correspondence was 
observed between crack surface steps and subgrains. Additionally, the discrepancy in RODs and 
misorientations observed in grain II compared to grains I or IV follows the trend observed in 
H15 across other internal boundaries. This indicates that the grain boundary failure in hydrogen-
charged specimens may be correlated with a discrepancy in microstructural development 
between adjacent grains. 
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Grain boundary 3, between grains II and III, showed significant step formation, correlated with 
GNBs in grain III, indicated parallel to the dotted line in Figure 4.30c. This indicates that grain 
boundaries in hydrogen-charged specimens primarily formed steps correlated with dislocation 
structures when they were adjacent to a fracture surface. Additionally, the results indicate that 
grain boundaries only became distorted when intersecting dislocation structures were very well-
developed. This may provide a link between boundary disruptions and local strain level. 
Additionally, the results may indicate that hydrogen can enhance the microstructural 
development in one grain relative to an adjacent grain in a way that is not as frequently observed 
in uncharged specimens. 
4.2 Interrupted Slow Strain Rate Tests 
4.2.1 Initial Microstructure 
To make direct comparisons of microstructural changes that occurred up to the same strains with 
and without and hydrogen, detailed maps of the microstructure and grain boundary morphology 
of all interrupted-test specimens were obtained prior to straining, in the center of the gauge 
lengths where stress and strain were concentrated. Similar to the failed specimens, interrupted-
test specimens exhibited average grain sizes of approximately 50-100 μm. Grains were 
approximately equiaxed in all specimens, with few observed special boundaries or twins.   
The grain size distributions were more uniform among the four interrupted-test specimens than 
among the failed-test specimens. The differences in grain distributions may have influenced the 
stress-strain behavior slightly, as will be pointed out in the text where relevant, but overall was 
considered to be minimal. 
The interrupted-test specimens exhibited even less orientation preference in the preexisting 
microstructures than the specimens strained to failure, as well as smaller intragranular RODs. 
Textures prior to straining in interrupted-test specimens are shown in the stereographic triangles 
in Figure 4.31a, c, e, and g. These results indicate a random, uniform, equiaxed starting structure. 
The overwhelming majority of points deviated from the grain average orientations by 1° or less 
in the interrupted-test specimens, suggesting that the grains contained very little defect content 
prior to the test. 
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Figure 4.31. Stereographic triangle IPF contour maps of distributions of crystallographic orientations parallel to the tensile axis 
direction. a,b) H8, c,d) U8, e,f) H9.5, g,h) U9.5. 
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 4.2.2 Macroscale Stress-Strain Response 
Tensile test stress and strain data for all samples are summarized in Table 4.1. Four specimens 
were tested. First, a hydrogen-charged specimen was strained to the initiation of cracking at 
approximately 9.5% strain, H9.5. The bulk stress-strain curve showing the drop in stress due to 
microcracking is shown in Figure 4.32. Next, an uncharged specimen was strained to 9.5% for 
comparison, U9.5. Finally, a hydrogen-charged specimen was strained to 8% to compare the 
microstructures immediately after microcrack formation with those immediately before, H8, and 
a final uncharged specimen was strained to approximately 8%, U8. 
 
Figure 4.32. Bulk uniaxial tensile test results for uncharged (black) and hydrogen-charged (grey) specimens interrupted at 
equivalent bulk strains. 
The exact bulk strains at which the tests were interrupted were within +/-0.1 of the desired value. 
The testing apparatus was displacement-controlled, but did not control for an initial adjustment 
period during which the grips had not caught the specimen, so actual strains may have been 
slightly different. However it is expected that any differences in the microstructures due to error 
in bulk strains were not significant. 
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The uncharged specimens exhibited typical 0.2% offset yield stresses for coarse-grained Ni. The 
yield stress and hardening were higher for U9.5 compared to U8, and both specimens exhibited 
slightly greater hardening behavior than the uncharged specimen strained to failure. These 
differences may be attributed to variations in initial microstructures, such as differences in 
average grain sizes. However, the yield strength and hardening differences were relatively small 
with respect to the overall stress-strain responses. 
The results in Table 4.1 show that hydrogen increased the yield strength, by a substantial factor 
of two in the case of H9.5. This suggests that the presence of hydrogen may have initially 
increased the barrier for dislocation slip to some degree. This has been observed even in 
specimens which exhibit hydrogen-enhanced plasticity, and may be attributed to hydrogen 
initially pinning dislocations before hydrogen atmospheres are formed [9]. Additionally, H9.5 
exhibited a grain size of approximately 50 μm, which was somewhat smaller than the 80-100 μm 
grain sizes observed for the other specimens. Grain size distributions were qualitatively similar 
among all four interrupted-test specimens. The combined effect of a slightly smaller grain size 
and hydrogen-charging may have contributed to the large increase in yield strength in H9.5. 
Hydrogen-charging also enhanced hardening in interrupted-test specimens. For the 8% strained 
specimens, the hydrogen-charged specimen yield strength was 20 MPa higher than the 
uncharged, but the stress at 8% strain was 69 MPa higher. For the 9.5% strained specimens, 
hydrogen increased the yield stress by 57 MPa and the strain at unloading by 72 MPa. This 
indicates that hydrogen had a slight effect to increase the stress required for deformation at the 
macroscopic scale. This does not indicate that HELP is not operative, however, as the flow stress 
has been shown to increase even when dislocation mobility increases particularly in the case of 
shear localization [10]. 
4.2.3 Macroscale Plasticity 
Bulk or macroscale plastic deformation was measured at the scale of many grains by changes to 
macroscopic crystallographic texture, or development of preferred crystallographic orientations, 
changes to observed grain shapes, and average grain lattice rotations. 
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4.2.3.1 Preferred Orientation Development 
The uncharged specimens both developed a significant preference for grain orientations with 
<111> parallel to the tensile axis with increasing strain. In the stereographic triangle contour 
maps in Figure 4.31, the shift towards <111> from the initial texture is apparent for both U8, 
Figure 4.31c and d, and for U9.5, Figure 4.31g and h. This is expected in Ni since the majority of 
possible initial orientations of grains are known to rotate toward <111> [2]. 
In the presence of hydrogen, grains maintained near-<001> orientations to a greater degree than 
grains did in the uncharged specimens. In both H8, Figure 4.31a and b, and H9.5, Figure 4.31 e 
and f, prominent <001> components remained after straining, and less intense peaks near the 
<111> corner were developed, particularly in H8. This confirms observations of texture 
development made for the failed specimens and suggests that hydrogen either reduces the ability 
of grains to rotate toward <111> or it enhances the ability of grains to rotate toward <001>. This 
was investigated through selection of individual grains for observation of lattice rotations. 
4.2.3.2 Rotations 
In each of the interrupted-test specimens, selected grains were identified that exhibited initial 
grain orientations parallel to the tensile axis near either the <001> corner of the stereographic 
triangle, the <111> corner, or the <011> corner. This allowed for sorting of the results dependent 
on the type of dislocation structures expected to form- Type 2, Type 3, or Type 1, respectively- 
as well as the type of rotation expected, as discussed in Chapter 2.  
The uncharged specimens exhibited significant rotations in grains of all initial orientations, as 
shown in Table 4.2 which displays the average angular rotations observed. At 8% strain, grains 
in the uncharged specimen, U8, had rotated an average of 7.4° from their original orientation. 
Type 1 grains exhibited the largest rotations on average, approximately 9.5°, as expected for 
single- or double-slip grains which form a planar GNB microstructure. Type 2 grains exhibited 
the second largest amount of rotation at 6.6°, while Type 3 grains showed the least rotation at 6°. 
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Table 4.2. Average rotation angles for groups of grains in interrupted tensile test specimens by initial grain orientation. 
H8 U8 
H8/U8 





Type 2 2.5 6.6 38 3.5 5.8 60 49 
Type 1 5.6 9.5 59 4.9 8.7 56 58 
Type 3 4.4 6.0 73 3.5 5.7 61 67 
Average 4.2 7.4 57 4.0 6.9 58 57 
For the uncharged specimen strained to 9.5%, U9.5, rotations were on average slightly less than 
for the 8% case at approximately 6.9°, despite the higher strain. The differences were slight, 
however, and may be explained by sample-to-sample variation. Rotations were calculated for the 
average orientation over an entire grain area. Grain interactions have been shown to create 
unexpected textures in the near-boundary regions [11], so the surrounding microstructure may 
have an observable influence on grain rotation measurements. Correspondingly, the difference in 
averages- 7.4° in U8 and 6.9° in U9.5- despite the different strains was considered to be within 
acceptable limits considering the influence of the neighboring grains and sample-to-sample 
variations. 
In U9.5, Type 1 grains rotated the most, similar to the 8% strained specimen. Type 2 grains still 
exhibited slightly larger rotations than Type 3, however Type 2 and Type 3 grains rotations were 
much closer than in the 8% case, at 5.8° and 5.7°, respectively.  
The presence of hydrogen was observed to reduce the average grain rotations significantly at 
both strain levels. The hydrogen-charged specimen strained to 8%, H8, yielded rotations of 2.5° 
for Type 2 grains, 5.6° for Type 1 grains, and 4.4° for Type 3 grains. These represented rotations 
of 38%, 59%, and 73% of those observed in U8, respectively, for an average angular rotation 
57% of that observed in U8. The effect was most apparent for Type 2 grains, which are oriented 
for easy cross-slip and typically exhibit significant dynamic recovery correlated with the ease of 
cross slip in uncharged specimens [12]. The effect was least apparent, although still significant, 
for Type 3 grains, which are oriented for difficult cross-slip and generally work harden the most 
in uncharged specimens. This indicates that part of the hydrogen effect to reduce rotations may 
be related to hydrogen effects on dislocation slip, potentially the known effect of hydrogen to 
reduce cross-slip.  
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In the hydrogen-charged specimen strained to 9.5%, H9.5, average rotations of 3.5° in Type 2 
grains, 4.9° in Type 1 grains, and 3.5° in Type 3 grains were measured. These values represented 
rotations of approximately 60%, 56%, and 61% of those observed in U9.5, respectively. This 
yielded an average rotation of approximately 4°, or 58% of the average rotation found for U9.5, 
as shown in Table 4.2. This was remarkably similar to the 57% value found for H8. The 
magnitude of the reduction was less dependent on grain orientation in H9.5 than in H8, such that 
for H9.5 rotations varied between 56%-59% of the rotations observed in U9.5. Type 3 grains 
were affected the least in H9.5 as in H8, although conversely Type 1 grains were affected the 
most.  
Cracks had nucleated and the load had dropped suddenly in H9.5 before the test was interrupted, 
indicating that failure was imminent. The difference in the reduction in rotations dependent on 
slip type and the presence of microcracking indicated a potential link between the effect of 
hydrogen on slip/microstructural development and the initiation of damage. Overall, the 
rotational results indicated that hydrogen reduced the ability of grains to reorient on average, and 
that the reduction may be dependent on the type of slip dependent on grain initial orientation to 
the loading direction.  
4.2.3.3 Grain Shape Changes  
The evolution of grain morphology was analyzed quantitatively using EBSD data for the 
specimens strained to 9.5%. From the orientation data, grains were identified, using a threshold 
of 3.5-5° misorientation between neighboring points, and maps of the grain boundary spatial 
configurations were produced, as shown in Figure 4.33. Figure 4.33a shows a map of part of the 
scanned section in the center of the gauge length for U9.5 prior to straining with grain 
boundaries traced in black. Grains were selected from the boundary maps and extracted 
individually for analysis, as shown for the subset of analyzed grains in the exploded view in 
Figure 4.33b. The same grains were located after straining and traced, as shown in Figure 4.33c 
for the same grains shown in Figure 4.33b, in order to compare changes to the grain morphology. 
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Figure 4.33. Grain morphology evolution detected from EBSD data. a) map of the spatial configuration of grain boundaries prior 
to straining for U9.5, b) selected grains from the map in a, separated and exploded, prior to strain, c) shapes of selected grains as 
in b, after straining to 9.5%. Tensile axis is horizontal. 
To quantify the changes, the grain width was specified as the dimension along the loading 
direction, horizontal in Figure 4.33, and the height was defined as the grain dimension along the 
transverse direction, vertical in Figure 4.33. The changes to the grain area, width, height, aspect 
ratio, and boundary perimeter were then measured as a percentage of the initial value. Since each 
of the characteristics could increase or decrease, in other words exhibit a positive or negative 
change, the absolute value of the change without regard to the sign was also measured to give a 
sense of the magnitude of changes to grain shapes, as shown in the bottom two rows of Table 
4.3. This analysis was performed for approximately 20-25 grains in each specimen from the 
interrupted tests. The results for the interrupted-test specimens followed similar trends at both 
strains evaluated, but the results were most significant for those strained to 9.5% macroscopic 
strain. 
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Table 4.3. Changes in grain boundary morphology as a percentage of initial grain values for uncharged and hydrogen-charged 












U9.5    11 11 21 -5 19 
H9.5     3 8 10 -4 -2 
U9.5 
Absolute 21 15 21 12 24 
H9.5 
Absolute 12 12 10 11 10 
 
In the uncharged specimen strained to 9.5%, grains were observed to increase in internal area, 
perimeter, width, and aspect ratio, while grains decreased in height, indicating significant 
elongation. Results of the quantitative analysis are given in Table 4.3 as the percent change from 
initial grain values for U9.5 and H9.5. Grains on average increased approximately 11% in area 
from their initial sizes, and elongated approximately 21% in the direction of strain. When the 
results were filtered for absolute values of the magnitude of the changes, as in the bottom two 
rows of Table 4.3, all of the variables increased in value, except for the average change in width. 
Thus, in uncharged specimens, grain areas, lengths in the transverse direction, aspect ratios, and 
perimeters could either increase or decrease depending on the grain, although a general trend to 
increase was observed for area, perimeter, width, and aspect ratio, and a trend to decrease was 
observed for grain height, but grain lengths in the tensile direction always increased. This 
indicates that the bulk applied strain in the tensile direction is reflected to some degree in the 
elongations of the majority of individual grains.  
In the presence of hydrogen, each of the quantities measured changed less after 9.5% strain than 
in the uncharged case. In Table 4.3, hydrogen is shown to reduce the change in grain area, 
change in width, and change in aspect ratio. Although the change in height was approximately 
the same in H9.5 as it was in U9.5, the change in width was approximately halved in the 
presence of hydrogen. Together, these results indicate that the presence of hydrogen decreased 
the elongation of grains along the tensile axis. This suggests that hydrogen increases the 
resistance of grains to large-scale deformation particularly in the loading direction.  
The results shown in Table 4.2 and Table 4.3 indicate an effect of hydrogen to decrease plasticity 
in the bulk at the continuum scale prior to failure. This implies that hydrogen decreases material 
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plasticity, which is counter to the HELP mechanism. This difference may be attributed to 
differences in what effects can be observed at different length scales. Further, the grain boundary 
results signify that hydrogen affects the fundamental processes of deformation as plastic strain 
evolves, and not just final failure. 
4.2.4 Mesoscale Plasticity 
Mesoscale plastic deformation was measured at the length scale of approximately a single grain, 
approximately 1 μm to a few hundred μm, through observations of slip traces on the surfaces, 
intragranular misorientation development, and evidence for microcrack formation/initiation of 
damage. 
4.2.4.1 Slip Traces 
In the uncharged specimens, slip traces in several grains were measured to yield an average 
spacing of approximately 4.1 μm at 8% strain and 5.8 μm at 9.5% strain. This indicates an 
evolution of slip traces with strain that is not intuitive, such that slip trace spacing may actually 
increase with increasing strain. Wider slip band spacings on free surfaces are frequently assumed 
to indicate less subsurface plasticity. This would indicate, similar to the results for lattice 
rotations, that U9.5 exhibited less internal plastic strain than U8, despite the higher strain level. 
This may indicate that some internal plastic processes occur in these specimens between 
approximately 8% and 9.5% bulk strain that are not directly observable through a refinement in 
slip trace spacing on the surface. This was investigated further during S/TEM analysis at the 
microscale. 
Slip traces in both U8 and U9.5 followed similar trends as observed in U25. Slip traces exhibited 
gradual, smooth fluctuations in contrast in SEM images of the free surfaces, indicating that 
surface steps were wide and distributed, as shown in the SEM micrograph of the free surface 
near the center of the gauge length in U9.5 in Figure 4.34a. Slip traces frequently curved near 
grain boundaries. Generally, only one or two directions of slip traces were observed within a 
single grain, although slip in up to three directions could occur. 
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 Figure 4.34. SEM micrographs of grain boundaries and slip traces on the free surfaces of a) U9.5 and b)H9.5 after straining to 
9.5%. Slip traces parallel to double-ended arrows. 
In the presence of hydrogen, slip trace spacings were observed to decrease significantly, to 2.3 
μm in H8 and to 2.7 μm in H9.5. These values were approximately half of that observed in their 
uncharged counterparts. This indicates that hydrogen reduced the distance between deformation 
bands, which may occur due to enhanced dislocation activity in early stages of strain. 
Similar to the hydrogen-charged specimens that failed, the hydrogen-charged interrupted test 
specimens exhibited slip traces in multiple directions in most grains, Figure 4.34b. Slip traces 
also appeared to be shallower, with sharper contrast fluctuations, exhibited less curvature, and 
tended to cover the majority of their host grain surface. Based on classical interpretations, this 
indicates that plasticity may have been enhanced in the presence of hydrogen as more evidence 
for slip appeared on the free surfaces than in uncharged specimens, both in number of slip 
systems per grain and in the increased density of slip traces. However, recent work has shown 
slip traces do not always give a sufficient measure of internal plasticity [13, 14], so 
interpretations of plasticity based on slip traces must be treated with caution. 
4.2.4.2 Intragranular Reference Orientation Deviations 
Reference orientation deviations were observed to follow similar patterns in the interrupted-test 
specimens as in the failed specimens. In the uncharged interrupted-test specimens, grains 
generally exhibited smooth gradients in misorientation, with streaking that corresponded well 
with slip traces observed in the SEM, for example as shown in grains 4 and 5 in the ROD map 
for U9.5, Figure 4.35a.  
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 Figure 4.35. Reference orientation deviation maps for a) U9.5 and b) H9.5 after straining to 9.5%, colorized according to angular 
deviation magnitude. 
The ROD distributions for the uncharged specimens, as shown in the green histograms in Figure 
4.36, were smooth and tended towards higher angles with increasing strain. The distances shown 
at the top of Figure 4.36 indicate the distance from the center of the gauge length from which 
measurements were taken. For U8, ROD distributions were similar in the center of the gauge 
length and approximately 2 mm away, Figure 4.36a and b, both exhibiting a single peak at 
approximately 3° misorientation. For U9.5, the distributions tended toward slightly higher angles 
than for U8, as shown in the green curves in Figure 4.36c and d, and the effect was particularly 
apparent in the center of the gauge length, Figure 4.36c. The peaks in ROD distribution at 9.5% 
strain occurred at approximately 3° misorientation, as was observed for 8% strain, but at 9.5% 
higher angles occurred more frequently leading to smoother curves. The behavior indicates that 
in uncharged specimens, the spread in orientations within grains on average increases with 
increasing bulk strain. 
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 Figure 4.36. Reference orientation deviation distributions measured for all interrupted-test specimens, uncharged (green) and 
hydrogen-charged (blue). a,b) specimens strained to 8%, c,d) specimens strained to 9.5%. 
The presence of hydrogen increased apparent segmentation of grains and decreased the 
correlation of ROD fluctuations with observed slip traces, as shown in the ROD map in Figure 
4.35b. Grains 1, 2, and 3 in the map formed sharply-divided crystallites and little apparent 
streaking, despite the presence of multiple sets of slip traces on the grain free surfaces. This 
indicates that in the presence of hydrogen, the sharper, more closely spaced slip traces do not 
necessarily correspond to grain internal rotations, and that subdivision of grains occurs 
dependent on local conditions within the grain in hydrogen. 
Quantitatively, the presence of hydrogen consistently increased the angular ROD distributions 
toward higher angles compared to that in uncharged specimens, as shown in Figure 4.36a-d in 
blue. For H8, the effect was slight, such that hydrogen-charged curves in Figure 4.36a and b 
were only marginally shifted to the right of the uncharged curves. For H9.5, in which 
microcracks had appeared, the effect was slight in the center of the specimen gauge length, 
Figure 4.36c, but became pronounced approximately 2 mm away from the center, Figure 4.36d, 
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where the distribution exhibited a second peak at approximately 7° misorientation. The 
emergence of a secondary peak indicates that higher angles of deviation became more frequent 
relative to lower angles, suggesting that grain subdivisions that had formed earlier in the process 
became refined at 9.5% strain. This indicates that the presence of hydrogen enhances grain 
subdivision and refinement of grain sub-regions with increasing strain. The results also suggest 
that although hydrogen increased the spread in orientations relative to that in uncharged 
specimens in all interrupted-test specimen regions analyzed, significant increases in ROD due to 
hydrogen may be correlated with the appearance of microcracks. 
4.2.4.3 Microcrack Formation  
Microcracks were observed to form on the free surface of H9.5, as shown in the SEM 
micrographs in Figure 4.37. Fewer than 5 microcracks were observed in the specimen, which 
was more than the number observed in the failed specimens H6.7 and H6.2, but less than the 
number observed in failed specimen H15. The number of microcracks followed the trend in the 
failed specimens, which indicated that more microcracks formed dependent on macroscopic 
strain level at the onset of cracking.  
 
Figure 4.37. SEM micrographs of microcrack formation on the free surface at two different boundaries of the same grain in H9.5. 
Multiple microcracks were observed to form at the edges of a single grain, as indicated for grain 
1 in the SEM micrograph of Figure 4.37. This grain was captured in the region scanned with 
EBSD prior to straining, and was revealed to have an initial orientation of approximately [112�] 
parallel to the tensile axis, indicating Type 3 behavior. A trend could not be identified from this 
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single data point with respect to the influence of grain boundary type, grain orientation, or local 
structure characteristics. However, combined with observations made in the failed hydrogen-
charged specimens, the results indicated that the formation of microcracks may be influenced by 
grain internal characteristics, such that specific grains may be set up for failure during 
deformation regardless of their boundary characteristics.  
4.2.5 Microscale Plasticity 
Microscale plasticity was analyzed at the length scale of dislocation structures, a few μm or 
smaller, through observations of dislocation structure sizes and characteristics, defect 
crystallography, and local misorientations in S/TEM. For the interrupted-test specimens, grains 
were selected for TEM sample extraction based on initial grain orientation. Three TEM samples 
were extracted from each specimen, one each from grains representing initial orientations near 
the <001>, <011>, and <111> corners respectively, corresponding to Type 2, Type 1, and Type 3 
dislocation structure formation, respectively. Liftouts were taken from grain interiors so that the 
influence of hydrogen specifically on dislocation structure formation dependent on slip system 
activity could be analyzed. 
4.2.5.1 Dislocation Cells and Wall Area Percent- 8% Strain 
Dislocation cell structures formed in all of the extracted specimens at 8% strain, although no 
correlation could be made between dislocation structure formation and surface steps at this level 
of strain. In the uncharged specimens, dislocation cells tended to be large and walls were sparse, 
exhibiting less contrast change across them than was observed, for example, for the dense walls 
observed in the uncharged specimen which failed at 25% strain. An example of the sparse 
dislocation microstructure observed in uncharged interrupted-test specimens is shown in the 
bright-field STEM montage of U8 shown in Figure 4.38a. As shown in the figure, dislocation 
cells were mostly equiaxed, although some formation of sparse dislocation walls aligned parallel 
to primary (111) slip planes was observed in the grain initially oriented near <011>. In U8, 
equiaxed cell structures were most commonly observed, and no GNB formation was detected for 
grains of any initial orientation. This indicated that strains were generally low enough that 
segmentation of grains was minimal and that the specimen was still in the early stages of strain 
development. 
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 Figure 4.38. Bright-field STEM montages of dislocation structures and ROD maps relative to the mean orientation in the mapped 
area in grains initially oriented with the tensile axis near parallel to <001> in a,b) U8 and c,d) H8. 
Quantitative results for average dislocation cell interior sizes are shown in Figure 4.39 for all 
interrupted-test specimens. For U8, dislocation cells were largest in the <001> grain at 1.68 μm2 
and smallest in the <011> grain at 0.3 μm2. However, the percentage area occupied by 
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dislocation walls did not follow expected behaviors, such that although cell interiors were largest 
in the <001> grain by a large margin, percentage wall area was actually smallest for the <111> 
grain, as shown in the quantitative comparison of percentage wall area in Figure 4.40. This 
indicates that at the early stages of strain, similitude relationships for which the dislocation cell 
size is expected to scale with the inverse of the dislocation density may not apply strictly in all 
grains. This result is not surprising considering the lack of organization observed in the cell 
structures, which indicates that significant formation of cell structures was not necessary at this 
stage of strain. 
 
Figure 4.39. Average dislocation cell interior area for uncharged (green) and hydrogen-charged (blue) interrupted-test specimens 
dependent on initial grain orientation. Lighter colors indicate 8% strain; darker colors indicate 9.5% strain. 
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 Figure 4.40. Average percent area occupied by dislocation cell walls for uncharged (green) and hydrogen-charged (blue) 
interrupted-test specimens dependent on initial grain orientation. Lighter colors indicate 8% strain; darker colors indicate 9.5% 
strain. 
Reference orientation deviation maps, shown in Figure 4.38b for the dislocation cell structure in 
the bright-field STEM montage of Figure 4.38a, indicated that dislocation cells and walls 
generally exhibited misorientations of 1° or less, and that significant orientation fluctuations did 
not develop across the scale of approximately 40 μm. This was consistent across all three TEM 
samples, and is in agreement with ROD measurements made in the bulk on the free surface 
indicating a low overall deviation of intragranular orientations from the mean. 
In the presence of hydrogen, dislocation cells became more refined, as shown in the bright-field 
STEM montage of dislocation structures in Figure 4.38b. Walls became denser, appearing more 
black in STEM images, and although bulk strains were equivalent, the dislocation structures 
appeared to become more advanced and refined in the presence of hydrogen.  
Quantitatively, hydrogen significantly reduced the dislocation cell sizes at 8% strain for grains 
with near-<001> and -<111> initial orientations, although the average cell size was slightly 
higher for near-<011> grains in the presence of hydrogen, as shown in Figure 4.39. This 
indicates that, in general, the presence of hydrogen advanced the microstructure. The average 
percent wall area was generally increased in the presence of hydrogen, as shown for <001> and 
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<111> type grains, although the percent wall area was about the same as in the uncharged 
specimen for the near-<011> grain. For the near-<011> grain in H8, the fact that the percentage 
area occupied by dislocation walls was nearly equal to that observed in U8 despite having larger 
cells indicates that walls were thicker in the presence of hydrogen. This may indicate that at low 
strains in hydrogen-charged specimens, even when dislocation structures appear to be at a similar 
stage of organization as in uncharged specimens, hydrogen may influence the propensity of 
dislocations to sit in cell walls. 
Individual dislocation cells still exhibited RODs of approximately 1° in the presence of 
hydrogen, but structures were observed to develop larger misorientations over the scale of 
approximately 40 μm examined, as shown in the ROD map of Figure 4.38d for H8. The ROD 
data indicate that an accumulated change in orientation of approximately 8° occurred over the 
observed area, although it appears to be slightly less in the map since mapped values appear in 
terms of absolute magnitude. Although individual dislocation walls represented minor 
misorientations, for example as shown for the walls parallel to the dotted lines in Figure 4.38c 
and d, together the walls created a change in orientation that indicates they are likely incipient 
GNBs, and would likely qualify as typical GNBs upon further refinement increasing the 
misorientation angles. This behavior was observed in the <011>-type grain microstructure 
analyzed for H8 as well, although in the near-<011> oriented grain, a subsurface grain boundary 
was captured in the analysis so the presence of the nearby boundary may have influenced the 
behavior. In the near-<011> oriented grain, ROD was observed to fluctuate back and forth over a 
length scale of approximately 10 μm away from the grain boundary, indicating that the boundary 
was accommodated locally by an increase in crystal rotation, as was shown in bulk ROD maps of 
grains at the free surfaces. These results indicate that hydrogen can enhance the RODs within 
grains over the length scale of tens of μm, and that this occurs through changes to the dislocation 
structure or density, generally via increased dislocation density and structural refinement. 
4.2.5.2 Dislocation Cells and Wall Area Percent- 9.5% 
At 9.5% strain in the uncharged specimens, dislocation cells were refined compared to that 
observed at 8%, as shown in the bright-field STEM montage of a grain initially oriented near 
<011> in U9.5, Figure 4.41a.  
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Figure 4.41. Bright-field STEM micrograph montages of dislocation structures and ROD maps relative to points marked “1” on 
the map, in grains initially oriented with the tensile axis near parallel to <011> in a,b) U9.5 and c,d) H9.5. 
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 Some correlation was observed between the underlying dislocation structure and the wide, 
shallow steps formed on the specimen surfaces, for example in Figure 4.41a sparse diagonal cell 
walls can be seen extending into the specimen down and to the left from surface steps, which are 
indicated by arrowheads. The steps were smooth and gradual, with a spacing of approximately 
1.6 μm that correlated well with the spacing of 1.5 μm measured via SEM, and corresponded to 
the sparse dislocation structures, but did not reflect the cell size. The steps were approximately 
140-400 nm in height. Less correlation was observed for microstructures in near-<001> or -
<111> oriented grains. This indicates that there is some correlation between underlying 
dislocation structure and slip traces, but that the relationship is not well-established at the strain 
levels observed in uncharged specimens and may evolve with strain. 
Quantitatively, increasing the strain to 9.5% decreased the cell size, especially for the near-
<001> grains analyzed, although the cell size increased for the near-<011> type grain in U9.5 
compared to U8, dark green bars in Figure 4.39. This indicates that the cell size measured in U8 
near the <011> orientation may have been an outlier with respect to generally observed trends. 
The cell sizes may have been affected by local conditions, for example a nearby grain boundary 
beneath the surface that was not captured in the extracted area. Percent wall area increased from 
8% to 9.5% strain in uncharged specimens, again except for the anomalous near-<011> grains. 
Misorientations increased slightly from 8% to 9.5% strain in uncharged specimens. In the ROD 
map shown in Figure 4.41b, misorientations between neighboring cells were shown to fluctuate 
up to approximately 2°, which is higher than the 1° typically observed between cells in U8 
samples. Figure 4.41b shows the RODs with respect to the region marked “1” in the figure, as 
opposed to RODs with respect to the mean orientation as shown in previous ROD maps. This 
was consistent in all analyzed grains for U9.5. 
In the presence of hydrogen at 9.5% strain, dislocation cell sizes were consistently and 
significantly found to decrease compare to that observed in the uncharged specimen at 9.5% 
strain, as shown in Figure 4.39. The decrease was most significant in near-<011> grains, in 
contrast to the behavior in uncharged and hydrogen-charged specimens at 8% strain. The percent 
area covered by dislocation walls followed expected trends at 9.5% strain, such that where 
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hydrogen reduced the average dislocation cell interior area, the percent area occupied by 
dislocation walls was increased, as shown in Figure 4.40. The increase in wall area in the 
presence of hydrogen was proportional to the decrease in cell size for 9.5% specimens. 
Additionally, cell sizes and percent wall area measurements were found to be much more similar 
between grains of different initial orientation in both hydrogen-charged and uncharged 
specimens strained to 9.5%. This indicates that between 8% and 9.5%, a measurable refinement 
of dislocation structure and increase in strain occurred such that the bulk applied strain affected 
the microstructure more uniformly across grains. 
Misorientations were observed to be generally similar, although typically slightly larger, across 
dislocation structures in H9.5 as in U9.5, generally peaking at about 3°, as shown in the ROD 
map in Figure 4.41d. RODs in Figure 4.41d are indicated with respect to the region marked “1” 
in Figure 4.41d. The accumulations of significant ROD content over the length scale of tens of 
μm were not observed in the H9.5 samples as in the <001> grain sample from H8. In fact, the 
near-<111> oriented grain analyzed in H9.5 exhibited significantly less misorientation 
development than the near-<111> oriented grain in U9.5, with a maximum misorientation of 
approximately 1° accumulated in the near-<111> grain in H9.5 compared to 3° in the near-
<111> grain in U9.5. This indicates that the significant refinement in dislocation microstructure 
observed due to hydrogen can frequently occur in ways that are difficult to detect 
macroscopically through EBSD or other surface measurements based on orientation. Particularly, 
these results indicate that when hydrogen does not enhance RODs, local plasticity can still be 
significantly enhanced, indicating increased formation of IDBs and redundant dislocations in 
dislocation walls in the presence of hydrogen. This effect was more pronounced in the specimen 
in which microcracks had formed, H9.5, suggesting a potential link between formation of dense, 
consistently advanced cell structures and initiation of failure. 
The dislocation cells were significantly refined in H9.5 compared to U9.5, for example as shown 
in the bright-field STEM montage of dislocation structures in the near-<011> oriented grain in 
H9.5 in Figure 4.41c. The dislocation cell walls were darker and less diffuse in the presence of 
hydrogen, and dislocation cell interiors were frequently cleaner of dislocations, as shown in the 
interiors of the larger cells in Figure 4.41c compared to those in Figure 4.41a. Some cell interiors 
appeared to show different contrast than their neighbors, or showed higher dislocation content in 
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the cell interiors than their neighbors, for example compare the structures in the center of Figure 
4.41c with those at the left with darker contrast. Some of these changes may be attributed to 
fluctuations in orientation yielding different contrast. The variation in cell interior dislocation 
density may be exaggerated due to the specimen geometry, since the specimen is a thin slice 
taken out of a 3D dislocation structure. Some of the specimen may cut through dislocation walls 
such that the dislocation wall occupies the top or bottom of the TEM foil in the direction into the 
page in Figure 4.41, but not through the thickness, which gives the appearance of a higher 
dislocation density inside the cell walls. Such an effect should become more pronounced as cell 
sizes decrease, especially once cells are smaller than the TEM foil thickness, since more of the 
through-thickness direction will be occupied by walls of the 3D cell structure.  
Although enhanced GNB formation was not observed in the analyzed areas in H9.5, hydrogen 
was observed to enhance formation of planar microbands at 9.5% strain, as indicated in Figure 
4.41c.  
4.2.5.3 Compact Microbands and Surface Steps  
Microbands were observed to form in H9.5 in grains of near-<001>, near-<011>, and near-
<111> orientations, as shown in Figure 4.41c for the near-<011> oriented grain, but were not 
observed in any of the other interrupted-test specimens. The double-walled microbands tended to 
comprise thin, sharply-defined walls spaced 100-200 nm apart, similar to microbands observed at 
high strains in torsion and rolling [8]. The observed microbands tended to exhibit misorientations 
with the surrounding matrix of 2° or larger, as indicated by the arrows in Figure 4.41d. 
Diffraction pattern analysis indicated that the bands lay within less than 1° of primary (111)-type 
slip planes, as shown for the trace of the plane normal in the diffraction pattern inset in Figure 
4.41c. Microbands were observed to shear through dislocation cell structures, distorting 
otherwise equiaxed cell walls and causing steps in the cell wall. Although breaks in the bands 
were observed where some dislocation cell walls intersected the bands, this did not tend to create 
a step in the band, as shown for the microbands along the dotted lines and near the arrows in 
Figure 4.41c. This indicates that microbands formation occurred after dislocation cell formation. 
Sharp steps on the free surface were observed to correlate directly with compact slip band 
formation in H9.5, as indicated by the arrowheads at surface slip steps in Figure 4.41c. These slip 
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steps were spaced approximately 1-4 μm apart, which correlates well with SEM measurements 
of slip trace spacings of approximately 2.7 μm on the specimen surface. The microband steps 
tended to be 180-240 nm in height, slightly smaller than the approximately 260-450 nm step 
height observed for broad, shallow steps on free surfaces in the uncharged specimens. The direct 
correlation between microbands and surface steps indicates that microband formation can be 
strongly correlated with disruption of the interface at the end of the slip bands. This is supported 
by observations of microband formation adjacent to the fracture surface in the hydrogen-charged 
specimens strained to failure, which showed that compact bands correlated directly with the 
sharpest steps on fracture surfaces. Further, the results indicate that the formation of these 
compact microbands is correlated with the latest stages of deformation near failure since these 
bands were only observed in hydrogen-charged specimens that had initiated microcracks. 
Misorientations in regions that formed compact microbands tended to be contained between the 
microband walls, for example as arrowed in the ROD map of Figure 4.41d. This suggests that the 
material between the microband walls was deformed or rotated compared to the surrounding 
matrix material, such that even though dense dislocation cells formed in the matrix regions, the 
majority of orientation deviations caused by microband formation was localized between 
microband walls. This is characteristic of second-generation microbands that are purported to 
occur as a mechanism of late-stage strain relief when cell structures are highly refined [8]. When 
combined with the observations that the dense, sharp slip traces on the free surfaces did not 
correspond directly to macroscopically observable orientation deviations in hydrogen-charged 
specimens, the results indicate that the presence of hydrogen causes the localized slip required 
for the formation of microbands at lower bulk strains than in uncharged specimens, and that this 
may be related to the type of slip in the grain and the refinement of dislocation cell structures. 
The microbands may have formed in the presence of hydrogen in regions which did not 
accumulate longer-range fluctuations in ROD, as was observed in the near-<001> and near-
<011> oriented grains in H8. 
4.3 Orientation Deviations near Grain Boundaries in Hydrogen-Charged Specimens 
In multiple cases, dislocation structures were more uniform between grain interiors and grain 
boundary regions in the hydrogen-charged samples compared to the uncharged specimens, but 
orientation gradients over the scale of approximately 10-20 μm were observed in these same 
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near-boundary regions. Examples are shown in Figure 4.42a and b for H15 approximately 2 mm 
from the fracture surface, and in Figure 4.42c and d for H9.5 in a grain initially oriented with 
<011> parallel to the tensile axis. Figure 4.42a and c show bright-field STEM montages of the 
dislocation structures adjacent to grain boundaries, labeled GB. Figure 4.42b and d show ROD 
maps for the regions shown in a and c, slightly enlarged; reference orientations for each grain are 
marked “1”. In both examples, a large, gradual orientation gradient is apparent over a distance of 
approximately 10-20 μm from the grain boundary in one of the adjacent grains, although sharp, 
dense GNBs were not observed corresponding to these orientation gradients. Additionally, 
fluctuations in orientation were observed parallel to the boundary in near-boundary regions, for 
example running from top to bottom of the image shown in Figure 4.42b. The samples were of 
approximately uniform thickness after thinning in the FIB, and significant bending or bend 
contours were not observed, confirming that these fluctuations were not due to sample 
preparation artefacts. In the absence of a GNB on a plane perpendicular to the orientation 
gradient, these diffuse orientation gradients indicated an excess of dislocations of one Burgers 
vector distributed in these regions.  
Additionally, in the right grain in Figure 4.42a and b, dislocation density was observed to be 
heightened locally to the grain boundary compared to the grain interior, although significantly 
less change in orientation was observed than in the left grain over a similar distance from the 
grain boundary. This indicates that one of the neighboring grains accommodated the grain 
boundary constraint more than the adjacent grain. This behavior was consistent in hydrogen-
charged specimens, such that neighboring grains did not appear to respond compatibly to the 
grain boundary constraint. This behavior was in opposition to that typically observed in 
uncharged specimens, for example as shown in Figure 4.24, wherein neighboring grains typically 
showed similar orientation deviation distributions as the grain boundary is approached. This was 
true even in the specimen taken 3.7 mm from the fracture surface in U25, shown in Figure 4.25, 
where the upper part of the ROD map shows a somewhat disparate response in the neighboring 
grains, but GNBs in the lower part of the grain appeared to match orientation gradients across the 
grain boundary. This indicates that disparate responses of adjacent grains may be heightened in 
the presence of hydrogen. Further, these results indicate that large orientation gradients near 
grain boundaries may not always be accommodated by distortion of the dislocation cell structure 
in the presence of hydrogen in the same way as they are in uncharged specimens.  
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 Figure 4.42. Bright-field STEM micrograph montages of dislocation structures and ROD maps with respect to near-grain 
boundary orientations marked “1” in a,b) U15, 2 mm from the fracture surface and c,d) H8 grain initially oriented with the TA 
near-parallel to <011>. Grain boundaries marked GB. 
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The heightened disparity in ROD distributions in adjacent grains in the presence of hydrogen 
was observed for matching grains on opposing fracture surfaces, as shown in the ROD maps of 
Figure 4.43 for the regions shown previously in Figure 4.27. In the upper grain from one section 
of the fractured specimen H15, orientation deviations in a direction perpendicular to the fracture 
surface reached a maximum of approximately 7° deviation from the point labeled “1” at the 
fracture surface of that grain, at a distance of approximately 17 μm from the fracture surface. 
Deviations correlated well with contrast fluctuations observed across GNBs, showing bands of 
similar RODs. Additionally, in a direction parallel to the fracture surface, fluctuations were small 
near the surface, approximately 0-2°. In the TEM specimen extracted from the matching area on 
the opposite fracture surface, shown in the lower grain in Figure 4.43, RODs compared to the 
point labeled “1” in that grain in the direction perpendicular to the fracture surface appeared to 
be significantly higher, up to 12°. These regions of high misorientation (10-12°) occurred both at 
distances approximately 17 μm from the fracture surface and even just 4 μm from the fracture 
surface in some places. Additionally, in the direction parallel to the fracture surface in the lower 
grain, orientation fluctuations in the near-surface region appeared to be significantly higher than 
that observed on the opposing fracture surface, reaching up to 7° misorientation.  
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 Figure 4.43. Orientation deviation maps overlaid on bright-field STEM montages of grains on opposite sides of the fracture 
surface in H15. Deviations in each grain are measured with respect to a point near the fracture surface marked “1” in each grain.  
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 For the microcrack shown in Figure 4.30, the grains across the boundary that had fractured, GB1, 
showed significantly different ROD behavior, with much larger RODs developed in grains III 
and II than in grains I and IV. The boundaries that did not fracture, GB2 and GB3, showed 
similar ROD distributions in the grains across those boundaries.  
Together, these results indicate that the presence of hydrogen may have decreased the 
compatibility of deformation in adjacent grains, such that ROD distributions tended to show 
larger differences across grain boundaries in hydrogen. Additionally, the fracture surface and 
microcrack results indicate that neighboring grains which exhibit significantly different ROD 
distributions, or less compatible responses, may be more likely to fracture along the grain 
boundary than grains which deform similarly and compatibly.  
4.4 Summary of Results 
Hydrogen was shown to influence the development of plasticity at every length scale. At the bulk 
scale, hydrogen generally increased yield stress and hardening, decreased strain at failure, and 
caused a transition in fracture mode from transgranular to intergranular. The presence of 
hydrogen decreased the ability of specimens to develop the typically preferred <111> type 
texture along the loading direction with deformation. Similarly, the presence of hydrogen was 
found to inhibit lattice rotations of the grain average orientation for individual grains during 
deformation. This effect was particularly evident for grains oriented for Type 2 dislocation 
structure formation. The presence of hydrogen quantitatively reduced changes to grain 
morphology, such that grains elongated less along the tensile axis in the presence of hydrogen 
compared to uncharged specimens at equivalent bulk strains. 
At the mesoscale, hydrogen-charged specimens exhibited a greater spread in RODs across 
individual grains than in uncharged specimens, indicating that although bulk-scale ductility was 
reduced across grains in agglomerate, plasticity was enhanced within grains due to hydrogen. 
This effect was particularly evident in grain boundary mantles. Additionally, ROD distributions 
did not develop as functions of bulk stress or strain in hydrogen. Instead, the degree to which 
RODs were increased in the presence of hydrogen relative to uncharged specimens appeared to 
be more dependent on local conditions. This indicated that subdivision of grains occurred in 
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response to local conditions and constraints. Slip traces were correlated with ROD fluctuations in 
uncharged specimens on the free surfaces, but not in hydrogen-charged specimens, indicating 
that ROD measurements may provide a minimal measure of slip activity in the uncharged case 
but not in hydrogen-charged specimens. Microcracks were observed to form in greater numbers 
with increasing strain at initiation of failure in hydrogen-charged specimens. Microcracks were 
also observed to form at multiple edges of the same grain in several instances in hydrogen-
charged specimens, indicating that the grain internal structure may influence the location of 
microcrack initiation. 
At the microscale, plasticity was observed to be enhanced in the presence of hydrogen, with 
markedly increased dislocation densities and refinement of dislocation cell structures compared 
to uncharged specimens. S/TEM orientation analysis generally showed agreement with ROD 
measurements at the bulk scale on the free surface, showing a greater development of RODs in 
most hydrogen-charged specimens over the scale of tens of μm, particularly near grain 
boundaries. However, in several cases, hydrogen was observed to increase the dislocation 
density significantly without an attendant increase in orientation change over the scale of 
approximately 40 μm.  
In uncharged specimens, deformation was shared across grain boundaries, such that dislocation 
bands and local RODs were mirrored across grain boundaries where dislocation bands 
intersected the boundary, typically corresponding to a step or distortion of the boundary. Local 
ROD fluctuations of large magnitude tended to accumulate on one side of a grain boundary 
relative to the adjacent grain more frequently in the presence of hydrogen than in uncharged 
specimens. Additionally, boundary configurations in uncharged specimens frequently showed 
steps where dislocation structures intersected the boundary. In hydrogen-charged specimens, 
internal grain boundaries tended to remain straight and planar, even where they were intersected 
by dense dislocation bands, except in heavily deformed regions immediately adjacent to fracture 
or microcrack surfaces. This was in contrast to observations that dense dislocation bands in 
hydrogen-charged specimens corresponded to slip steps where they intersected fracture surfaces 
and free surfaces. This indicates that formation of grain boundary steps was delayed in the 
presence of hydrogen. Microbands were observed to form in hydrogen-charged specimens in 
which microcracking had been initiated, in regions with well-developed microstructures. 
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The results are placed into context with the literature and the implications are discussed in depth 
in the following chapter. 
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The key results of the study are discussed in the following sections. 
5.1. Dislocation cells were refined and dislocation density was increased in hydrogen-charged 
specimens.  
5.2. Grains were more segmented and larger orientation distributions developed across grain 
interiors with strain in the hydrogen-charged specimens.  
5.3. Rotations of average grain orientations in response to the applied stress were significantly 
smaller in hydrogen-charged samples.  
5.4. Grain boundaries deformed less and grains exhibited less elongation along the direction of 
tensile loading in the hydrogen-charged samples. 
5.5. The number of microcracks that formed increased with increasing strain at the onset of 
failure in hydrogen-charged specimens. Frequently, multiple boundaries of a single grain 
exhibited microcrack formation. 
The results will be discussed in ascending order of length scale and interpreted in context with 
the literature to develop a mechanism by which the influence of hydrogen on the developing 
microstructure leads to intergranular failure. The influence of hydrogen on the evolution of 
dislocation structures is discussed first to lay the foundation for the interpretation of meso- and 
macroscopic results. The influence of hydrogen on the development of plasticity in grain 
interiors and on rotations of grain average orientations is discussed next, followed by a 
discussion of grain boundary deformation and strain communication across grains in the 
presence of hydrogen, and a discussion of microcrack initiation. Finally, a mechanism describing 
how the combined influence of the various effects of hydrogen on deformation leads to 
intergranular failure is presented. 
156
5.1 Dislocation Structure Effects 
5.1.1 Dislocation Density, Walls, and Cells 
A refined dislocation cell structure formed in the presence of hydrogen, such that the overall 
dislocation density was higher and dislocation cells were smaller than in uncharged specimens 
deformed to equivalent macroscopic strains, as shown in Figure 4.17, Figure 4.18, Figure 4.39, 
and Figure 4.40. Both cell size and the percentage of the observed area belonging to dislocation 
walls followed similar linear distributions with respect to distance from the fracture surface in 
H15 and U25. GNBs exhibited slightly larger misorientations in hydrogen-charged specimens. 
No significant change in the average misorientation across cell walls was generally observed. 
In the absence of hydrogen, the average dislocation cell size has been shown to scale inversely 
with approximately the square root of the dislocation density due to a similitude relationship [1]. 
The presence of hydrogen has been shown to increase the dislocation generation rate and 
mobility of dislocations in a field of elastic obstacles, which has been attributed to the HELP 
mechanism and hydrogen shielding of dislocation stress fields [2-4]. Enhanced dislocation 
generation would increase the dislocation density from the earliest stages of dislocation activity, 
since hydrogen shielding reduces the resistance of a volume with elastic obstacles to dislocation 
motion. Enhanced mobility would allow for continued generation and glide of dislocations 
despite an increased number of elastic obstacles. This would increase the overall dislocation 
density in the presence of hydrogen, which would decrease dislocation cell size and accelerate 
microstructural development. Additionally, the effective wavelength (defined as the spacing and 
size) of dislocation cells has been shown to depend on the minimum dislocation spacing, such 
that a decreased dislocation interspacing could allow for smaller cells to form [5]. Hydrogen has 
been shown to decrease dislocation interspacing, which was attributed to hydrogen shielding of 
dislocation stress fields [6], providing another means by which the presence of hydrogen could 
reduce the dislocation cell size. In this way, hydrogen accelerates the evolution of the dislocation 
microstructures at equivalent bulk strains due to HELP. 
This interpretation has additional consequences for the flow stress. Flow stress has been shown 
to be proportional to the square root of the dislocation density [7]. Hydrogen-related 
enhancement of the dislocation density could thus be expected to increase the macroscopic flow 
157
stress, even while it enhances local dislocation mobility, depending on the magnitude of the 
dislocation density increase. In the current study, hydrogen charging was shown to increase the 
bulk hardening behavior in Ni, as indicated in Figure 4.5, Figure 4.32, and Table 4.1. This 
behavior adds an additional explanation for observations of hydrogen increasing the macroscopic 
flow stress, while concurrently enhancing dislocation mobility at the microscale [8]. Similarly, 
the flow stress has been shown to scale inversely with dislocation cell size [9], which decreased 
relative to the macroscopic strain in the current study. The exact mechanism by which hydrogen 
affects the flow stress (and, additionally, the yield stress) appears to be highly dependent on 
experimental conditions, showing increases in some cases and decreases in others in the presence 
of hydrogen [8, 10]. In the current study, there was variation in this behavior, such that in the 
interrupted tests, hydrogen-charged specimens exhibited significant hardening, Figure 4.32, 
while in the tests taken to failure, hydrogen-charged specimens exhibited similar slopes in the 
stress-strain curves after yielding, Figure 4.5. However, in the current study, the combination of 
enhanced plasticity at the microscale and enhanced hardening at the macroscale indicate that 
when hydrogen increases hardening, some of the effect may be attributed to the accelerated 
microstructural formation.   
Reduced dislocation cell size and increased dislocation activity have been reported previously for 
Ni in the presence of hydrogen, both underneath an intergranular fracture surface after straining 
in tension, wherein Ni specimens that failed at 13% strain in the presence of hydrogen exhibited 
dislocation cell sizes near what would be expected at a strain of 40% in an uncharged specimen 
[11], and in Ni specimens subject to high-pressure torsion (HPT) [12]. The HELP mechanism 
was considered to be responsible for the advanced microstructures observed through enhanced 
dislocation density and decreased dislocation spacing, in accordance with the current study [12]. 
Additionally, in the HPT study, when the distributions of dislocation cell sizes were normalized 
by the average cell size, it was shown that cells followed the same Rayleigh distribution in 
hydrogen-charged and in uncharged samples [12]. A Rayleigh distribution of cell sizes is 
typically observed in medium-high stacking-fault energy FCC metals [13]. This was interpreted 
to indicate that although hydrogen accelerated the microstructure development relative to the 
macroscopic strain, the dislocation processes that occurred were the same [12]. The HPT results 
correlate well with the observation in the current study that the average cell sizes appeared to 
follow a similar trend with respect to distance from the fracture surface in hydrogen-charged 
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specimens and in uncharged specimens, as shown in Figure 4.17. Together, these results indicate 
that hydrogen acts to enhance plasticity in both tension and torsion loading in a way that is 
similar to the development of plasticity in uncharged specimens, but with a faster evolution.  
In medium-to-high stacking-fault energy FCC metals, the dislocation density has been shown to 
be proportional to θ/d, where θ is the average misorientation across a dislocation wall and d is 
the spacing between dislocation walls [13]. If this relation remains constant, then the observed 
effect of hydrogen to increase dislocation density while having no significant effect on the 
misorientations observed across dislocation cell walls would result in the observed reduction in 
cell size. This would occur even accounting for the slightly increased misorientations observed 
across GNBs in the presence of hydrogen, since cells were much more prevalent in the 
microstructures in the current study. 
An additional factor in reducing the cell size is postulated to be the influence of hydrogen on 
dynamic recovery processes. Dynamic recovery, or the Stage III stress-strain regime of 
decreased hardening, has been attributed to stress-driven annihilation or rearrangement of 
dislocations, which is driven by cross slip processes [1, 7, 14, 15]. Hydrogen has been shown to 
reduce cross slip, which was attributed to a stabilization of dislocation edge components which 
cannot cross slip and reduction in the dislocation line energy due to the presence of hydrogen 
[16, 17]. Hydrogen atmospheres in the stress field of dislocations would need to be redistributed 
into the lattice in order to allow constriction and cross slip, even of screw dislocations, increasing 
the energy required for cross slip [18]. Additionally, while hydrogen was shown to decrease the 
repulsive stress field interactions of parallel edge dislocations with the same Burgers vector, it 
was shown to also decrease the attractive force between dislocations with opposite Burgers 
vectors [6]. This would make it more difficult for redundant dislocations to annihilate, as the 
distance between redundant dislocations would increase in the presence of hydrogen. These 
effects of hydrogen would significantly inhibit recovery processes and contribute to increased 
dislocation density and decreased cell size, as well as increase material hardening. This would 
occur even in the early stages of hardening prior to Stage III, since annihilation and recovery 
processes are reported to occur during all stages of hardening, just to a lesser degree in Stages I 
and II than in Stage III [1, 14]. Further, such a mechanism would explain why the effects of 
hydrogen are observed to be reversible upon removal of hydrogen from the system [19]; removal 
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of hydrogen atmospheres would allow for annihilation to proceed as normal, even for 
dislocations which were inhibited from annihilating before. However, without dynamic 
observation of dislocation structure formation in the presence and absence of hydrogen, it is 
difficult to ascertain the degree to which inhibited annihilation occurs or affects the deformation 
microstructure evolution.  
It is postulated that the formation of hydrogen atmospheres in the stress fields of dislocations that 
organize into cells affects their evolution regardless of the influence of hydrogen on annihilation. 
In the current study, GNBs (and planar dislocation bands with less than 5° degrees of 
misorientation that do not technically qualify as GNBs) appeared to show less distortion at band-
band intersections or near grain boundaries in the hydrogen-charged specimens than in 
uncharged specimens, for example compare Figure 4.22 and Figure 4.23. In the absence of 
hydrogen, development of different near-boundary dislocation structures is attributed to the 
activation of secondary slip or changes in the relative activity of slip systems due to grain 
boundary constraints [20]. As deformation proceeds, new slip systems can be activated that 
interact with preexisting structures throughout grains [20]. Hydrogen atmospheres that enhance 
mobility of individual dislocations are proposed to form complex arrangements in the stress 
fields surrounding intersecting dislocations, although the intricacies of such interactions have not 
been extensively investigated [12, 21]. Dislocation structures formed at early stages of strain 
consisting of dipoles or tangles could become more “locked-in” to their initial configurations in 
the presence of hydrogen atmospheres, since distortion of the structure would require additional 
energy to redistribute the hydrogen atmospheres, similar to that postulated for cross slip [18]. 
The effect of hydrogen to enhance the generation and mobility of dislocations, particularly those 
otherwise trapped in cell walls [22, 23], would allow for continued deformation and cell 
refinement, either by enhanced generation of new, mobile edge dislocations from dislocation 
walls or release of weakly trapped dislocations on the periphery of the dislocation walls that do 
not significantly affect the structure within the wall interior. Such a mechanism would describe 
how initial dislocation structures can be made to evolve less after initial intersections are formed, 
concurrently with HELP acting to enhance mobility of dislocations [23]. When combined with 
the effect of hydrogen to reduce the interaction energy and decrease the spacing of dislocations, 
dislocation walls could accommodate more dislocations in the wall area without disrupting the 
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existing structure as well. This would lead to more area occupied by dislocation cell walls in the 
presence of hydrogen, as was observed in the current study. 
Tensile loading of single crystal Ni oriented for single slip has indicated that the presence of 
hydrogen delayed the onset of Stage II hardening but increased the rate of work-hardening once 
Stage II was initiated [24]. This result would typically be unexpected, since hydrogen enhances 
slip planarity, and enhancing the slip planarity, for example in brasses with increasing Zn 
content, has generally been correlated with a decreased rate of work-hardening due to decreased 
motion of dislocations out of their glide plane and decreased intersecting slip [9]. The effects in 
the Ni single crystal study were attributed to hydrogen acting to enhance slip planarity increasing 
the regime of Stage I glide while, concurrently, hydrogen-enhanced generation of dislocations 
allowed for more sources to operate in Stage I. This was considered to create more obstacles for 
intersecting slip once Stage II was initiated, which would explain the increased work-hardening 
rate [24]. The current results do not necessarily disagree with this interpretation, but may add an 
additional component in the apparently reduced ability of dislocations to distort existing 
structures in the presence of hydrogen. In a polycrystal, Stage II behavior is expected to begin 
immediately upon yielding, even in grains oriented for single slip, since grains are highly 
constrained at the boundaries [25]. Thus, Stage II hardening is expected to begin at yielding in 
polycrystals. A decreased ability of dislocations to distort structures and an increased number 
and density of initially operating sources due to hydrogen would allow for markedly increased 
dislocation density and refinement of cells from the onset of plasticity, as was observed. Further, 
these effects would contribute to significant hardening of the lattice in the presence of hydrogen.  
The hardening of the lattice has been proposed as a key component in intergranular failure due to 
hydrogen [11, 12]. Failure of a typically ductile metal transitions from transgranular to 
intergranular when the material cannot withstand the applied stresses and the grain boundary is 
consistently weaker along its area than a transgranular fracture path [10]. It has been indicated in 
other studies that the reduction of the grain boundary cohesive energy due to the presence of 
hydrogen is insufficient to cause this transition alone [26]. Enhanced mobility of dislocations 
alone could be expected to increase the ductility of a material. However, action of HELP to 
enhance localization of plasticity [2], or to increase dislocation density and decrease cell size 
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which increases work-hardening [11, 12], could decrease the overall viability of transgranular 
sites as favorable crack paths [10].  
5.1.2 Compact Microbands 
Microbands were observed to form in hydrogen-charged specimens in which failure had 
initiated, but not in uncharged specimens. Microbands were the only dislocation structures which 
appeared to distort previously-formed dislocation structures, causing shear steps where they 
intersected dislocation cells or walls, as shown in Figure 4.41. In uncharged specimens, two 
types of compact microbands have been reported to occur in Ni, in different stages or 
“generations” [27]. The microbands observed in the current study fit the description of second 
generation microbands, based on crystallographic analysis as follows. Second generation 
microbands form by localized glide in a narrow zone along a (111) slip plane, creating a locally 
high orientation deviation (2-5°) between the band walls with respect to the surrounding lattice, 
and shear through existing structures, forming steps at intersections with other structures and at 
the tip of the band [27]. Second generation microbands in Ni are most frequently observed in 
rolling or torsion after deformation to strains of 50% or more, which has been interpreted to 
suggest their formation is a late-stage deformation mechanism created by an avalanche of 
dislocations in highly constrained modes of loading [28]. They have been observed to cross grain 
boundaries and develop a high stress concentration and shear steps at the band-boundary 
intersection, which indicates that they can cause a local cascade of dislocations across boundaries 
[29]. However, while the microscopic characteristics of microbands observed in the current study 
are similar to the microbands observed in rolling or torsion, the macroscopic conditions for their 
formation under tensile loading to only 15% elongation in tension in hydrogen-charged 
specimens are quite different. 
The similar structural qualities suggest that the mechanism of microband formation in uncharged 
specimens in previous studies, localized shear caused by a cascade of dislocations on a (111) 
plane to relieve local stresses in cell walls, is the same in hydrogen-charged specimens in the 
current study [27]. The hydrogen-induced reduction in dislocation cell size and increase in 
dislocation density that occurs could create local conditions that necessitate this shear 
mechanism at the lower macroscopic strains observed in the current study, compared to high 
strains that are typically required in uncharged specimens in torsion or rolling [27]. The 
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mechanism for reducing local stresses by microband formation is not necessarily tied to 
annihilation, but to the microbands allowing for deformation without decreasing dislocation cell 
size in an already-refined microstructure [28]. In this way, microband formation can occur as a 
recovery mechanism that provides local strain relief that does not necessitate stripping 
dislocations of their hydrogen atmospheres. Additionally, the generation of a cascade of 
dislocations may be easier in the presence of hydrogen due to the observed effect of HELP to 
enhance nucleation, and to reduced interactions stresses between dislocations with hydrogen [2]. 
Next, an understanding of how the accelerated development of microstructure manifests at the 
next highest length scale, across grain interiors, is developed.  
5.2 Reference Orientation Deviations and Intragranular Plasticity 
5.2.1 Reference Orientation Deviations at the Mesoscale 
Segmentation of grains increased and the spread in orientations within grains was observed to 
increase in the presence of hydrogen relative to the observed macroscopic strain as measured on 
the surface via EBSD. This increase was consistent in hydrogen-charged samples compared to 
uncharged samples, but was generally slight. Exceptions occurred in certain locations away from 
the center of the gauge length in hydrogen-charged specimens in which failure had been 
initiated. For example in the hydrogen-charged specimens strained to 9.5% and 15% elongation, 
significant increases in higher-angle reference orientation deviations (RODs) was observed 
compared to their uncharged counterparts (U9.5 and U25, respectively). These results do not 
appear to scale directly with the microscale observations that the presence of hydrogen increases 
dislocation activity to a significant degree for equivalent macroscopic strains in the vast majority 
of S/TEM samples, as the grain-scale RODs generally increased only slightly. The results must 
therefore be interpreted at the mesoscale through the collective influence of dislocations.  
In the absence of hydrogen, well-annealed polycrystalline specimens develop orientation 
deviations of increasing magnitude with increasing strain [30]. Segmentation of grains into sub-
regions or crystallites that respond differently increases with strain level, and usually involves 
development of grain boundary mantle regions with high ROD relative to the grain mean 
orientation, although segmentation across the grain interior frequently occurs as well [30, 31]. 
This behavior was observed in uncharged specimens in the current study, both qualitatively, as 
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shown in Figure 4.13 and Figure 4.35, and quantitatively as shown in Figure 4.14 and Figure 
4.36. The size of grain boundary mantle regions with high ROD has been shown to depend on 
the difference in Taylor factor for the neighboring grains due to compatibility constraints [32]. In 
other words, neighboring grains with a large difference in orientation relative to the applied 
stress tend to exhibit larger mantles of higher ROD magnitude compared to grains with similar 
orientations with respect to the loading direction. This is attributed to increased compatibility 
stresses and strains developed between grains which respond differently to the applied stress, 
which increases the activation of secondary slip near grain boundaries and local dislocation 
density [33]. Essentially, it is more difficult for neighboring grains to maintain the same 
magnitude of displacements, strains, and stresses across the grain boundary when the grains 
respond differently to the applied stress. This manifests in the development of different 
orientations or deviations in regions near these grain boundaries, since the near-boundary regions 
are responding both to the applied stress and to local compatibility constraints imposed by the 
grain boundary and adjacent grain.  
Hydrogen is proposed to enhance the development of RODs and grain segmentation through its 
effects on dislocations. In uncharged materials, dislocations generated in response to the applied 
stress are expected to dominate the dislocation content observed in a grain [34]. Dislocations 
generated in response to grain boundary constraints could then be postulated to have a more 
limited ability to affect grain interiors, since the dislocations generated in response to the applied 
stress would resist mobility of dislocations generated in response to local constraints. The 
applied stress would provide additional driving force to move the majority of grain interior 
dislocations, while grain boundary compatibility constraints would have to increase a similar 
amount to continue moving dislocations. This indicates a complex interaction between applied 
and local stresses, as well as between dislocations generated by applied or local stresses.  
Hydrogen-enhanced generation of dislocations and enhanced mobility, attributed to the HELP 
mechanism [8], could allow for increased plasticity in response to grain boundary constraints. 
More dislocations would be expected to be generated in response to local compatibility stresses 
due to the presence of hydrogen, in addition to those generated in response to the applied stress. 
The dislocations generated due to local compatibility stresses would be able to penetrate further 
into the grain interior in the presence of hydrogen due to HELP and enhanced mobility. 
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Hydrogen atmospheres acting to enhance dislocation mobility in a field of elastic obstacles could 
then increase the ability of grain boundary constraints to affect plastic deformation in the grain 
interior. This enhanced response to grain boundary constraints would explain observations that 
the dislocation structure appeared generally more uniform extending approximately 10-15 μm 
from grain boundaries in hydrogen-charged specimens than in uncharged specimens, for example 
compare Figure 4.22 with Figure 4.23 and Figure 4.42a and b. Even beneath intergranular 
fracture surfaces in the hydrogen-charged specimen, the dislocation microstructure was generally 
uniform in the grain up to approximately 17 μm from the fracture surface, as shown in Figure 
4.27. Even for regions adjacent to grain boundaries in hydrogen-charged specimens in which 
orientations were observed to change 10-20° over distances of 10-15 μm, for example as shown 
in Figure 4.42a and b and in Figure 4.43, orientation gradients could be large while dislocation 
cell structures maintained the same form across the investigated region. When combined with 
EBSD measurements of enhanced grain segmentation and increased RODs in hydrogen-charged 
specimens, these observations appear to confirm that the deformation activated by grain 
boundaries may penetrate further into the grain in the presence of hydrogen and that the 
influence of local constraints on orientations is more pronounced. Correspondingly, 
segmentation of grains into regions corresponding to local constraints is increased in the 
presence of hydrogen, leading to a less homogeneous response in the grain interior upon loading. 
This would increase the proportion of a grain that deviates in orientation from the grain mean in 
the presence of hydrogen compared to that developed in uncharged specimens, which can be 
attributed to the HELP mechanism and hydrogen shielding.  
This behavior is further supported by ROD mapping across matching, opposite fracture surfaces, 
as shown in Figure 4.43 for H15, and an arrested microcrack. Across internal grain boundaries in 
the hydrogen-charged specimens, one grain typically exhibited greater orientation fluctuations. 
This corresponds well with ROD distributions in grains across the fracture surface as well, such 
that one grain exhibited significantly higher RODs than the other across a boundary that failed 
intergranularly. Additionally, in the region surrounding an arrested microcrack, grain boundaries 
between grains with large differences in ROD distributions were observed to fail, while grain 
boundaries between grains with similar ROD distributions remained intact. This indicates that in 
the presence of hydrogen, grains that are less able to deform in a compatible way may be more 
likely to fail along the grain boundary. If hydrogen increases differences in the plastic response 
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of adjacent grains, for example by increasing orientation fluctuations in one grain near the grain 
boundary over the other, this could enhance the occurrence of intergranular failure.  
Hydrogen may also influence grain ROD development due to its presence in atmospheres in 
dislocation stress fields. Hydrogen atmospheres have been shown to influence the configurations 
of discrete dislocations, decreasing the dislocation interspacing in pileups, stabilizing edge 
dislocation components, and decreasing the ability of dislocations to cross-slip [16, 35]. If these 
effects both accelerate the dislocation microstructure formation and reduce the ability of 
dislocation walls to distort with increasing strain, as discussed in section 5.1, segmentation of 
grains around initial dislocation structures would increase. Such accelerated segmentation would 
be possible in the presence of hydrogen due to the HELP mechanism allowing for increased 
dislocation activity between dislocation walls and enhanced generation of dislocations from wall 
sources. GNBs have been shown to act as impenetrable obstacles, with increasing dislocation 
density and misorientation angle in the GNB wall developing with increasing strain [33]. A 
decreased dislocation spacing and increased dislocation density in GNB walls due to hydrogen 
would decrease the ability of new dislocations to penetrate the walls, leading to a cumulative 
effect with increasing strain. This cumulative effect would explain observations in the current 
study via EBSD that the effect of hydrogen to increase ROD distributions increased with 
increasing strain, for example as shown in Figure 4.14 and Figure 4.36. Additionally, this would 
explain why GNBs tended to exhibit larger misorientations in the presence of hydrogen and 
formed at lower macroscopic strains, for example 11.5 mm from the fracture surface in H15, as 
shown in Figure 4.21. 
In other cases, hydrogen was observed to increase dislocation density significantly without 
causing a significant change in orientation across distances of up to 20-40 μm, for example as 
shown in Figure 4.41 comparing hydrogen-charged and uncharged specimens strained to 9.5%. 
In uncharged materials, the formation of equiaxed cells with little cumulative change in 
orientation is associated with IDBs and a greater proportion of redundant dislocations [15, 36]. 
Hydrogen is known to enhance dislocation generation and mobility generally, and no preference 
for dislocations of specific Burgers vectors has been shown. Thus, while in some cases hydrogen 
caused an increase in content of dislocations that acted collectively to change the crystal 
orientation across the scale of 10-20 μm, developing relatively high RODs, hydrogen could 
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apparently increase dislocation content without necessarily causing long-range increases in 
ROD. When RODs were not increased over distances of several μm despite increased dislocation 
density in the presence of hydrogen, hydrogen can be inferred to have increased the formation of 
dislocations with Burgers vectors that rotated the crystal in opposing directions. In other words, 
even where significant changes in orientation or large RODs were not observed, the HELP 
mechanism still appeared to operate and allow for the acceleration of the dislocation 
microstructure. In this way, hydrogen can lead to advanced microstructures with small cell sizes 
that contribute to material hardening in ways that are not always detectable at larger length scales 
or on the surface, for example by EBSD. The ability of hydrogen to enhance plastic deformation 
in a manner that is not always detectable at larger length scales explains why dislocation cell 
structures were significantly more advanced in the presence of hydrogen, but ROD distributions 
were only slightly higher. 
Hydrogen was also shown to enhance segmentation of grains into blocky, sharply-divided sub-
regions with different RODs and reduce streaking corresponding to slip traces in the grain 
interiors. 
5.2.2 Slip Traces, Reference Orientation Deviations, and Dislocation Structures 
In the current study, RODs and orientation fluctuations were not frequently observed to 
correspond to slip traces on the surface. Occasionally, a beating or “streaking” pattern was 
observed in ROD maps of free surfaces that corresponded to observed slip traces developed 
during straining in uncharged specimen, as indicated in Figure 4.13a and Figure 4.35a. Such 
correspondence between RODs and slip traces was significantly rarer in hydrogen-charged 
specimens. Slip trace spacing was smaller in hydrogen-charged specimens than in uncharged 
specimens at similar bulk strain levels, and did not change significantly with increasing strain, 
while slip trace spacing appeared to increase with strain in uncharged specimens. Hydrogen-
charged specimens generally exhibited slip traces in more directions within a grain than 
uncharged specimens. Slip traces were observed to correspond to interior dislocation structures 
somewhat, but traces did not give an indication of the activity of slip systems or the complexity 
of dislocation structures beneath the surfaces in either uncharged or hydrogen-charged samples. 
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In uncharged material, slip traces have frequently been interpreted to indicate dislocation slip 
activity, for example the number of different directions of slip traces on a grain free surface is 
often taken to correlate with the number of active slip systems [20]. However, as shown in the 
current study and previous work [11, 37, 38], dislocation microstructures tend to be significantly 
more complex than indicated by the surface features. Slip that appeared planar on a free surface 
was observed to be wavy in the interior in hydrogen-charged Ni [39]. Although slip traces are 
formed by dislocation activity, not all slip causes measurable surface displacement in bands, and 
a significant amount of dislocations that intersected the surface did not create large, regularly-
spaced slip traces. In uncharged specimens, slip traces appear to only correlate with some 
subsurface slip activity or bands [20], and may be a better indicator of whether or not slip has 
occurred at low strains for which dislocation structures are simpler. In the current study, most 
slip traces were observed to be wide compared to the spacing of subsurface dislocation 
structures, for example as shown in Figure 4.41a, and the height did not appear to vary with 
internal dislocation density in corresponding bands.  
The minimal correlation between dislocation structures and surface features may be exacerbated 
in the presence of hydrogen, as evidenced by the fact that slip trace spacing changed with 
increasing strain in uncharged specimens but not in hydrogen-charged specimens, although 
dislocation structures appeared to evolve more quickly in the presence of hydrogen. As discussed 
in previous sections, the presence of hydrogen was observed to refine the dislocation cell 
structure and enhance dislocation density due to the HELP mechanism. Accordingly, hydrogen 
would be expected to increase formation and density of slip traces relative to that in uncharged 
specimens based on classical interpretations of slip traces, reflecting enhanced dislocation 
activity in the initial stages of deformation. However, results in the current study indicated that 
hydrogen may also decrease the ability of dislocation structures to distort with increasing strain 
and increase the area of effect of grain boundaries, as discussed in the previous section. 
Consequently, slip trace spacing could change less from the initial values with increasing strain, 
slip traces would remain straight and not distort near grain boundaries as much, and increasing 
strain at the microscale would not be reflected in changes to slip traces in the presence of 
hydrogen, as was observed in the current study.  
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RODs appeared to reflect hydrogen effects on dislocation structures better than slip traces, which 
could explain why there appeared to be less correlation between slip traces and RODs in 
hydrogen-charged specimens than in uncharged specimens. For example, streaking 
corresponding to slip traces indicated in ROD maps of uncharged specimens, Figure 4.13a and 
Figure 4.35a, was drastically reduced in hydrogen-charged specimens, Figure 4.13b and Figure 
4.35b. In uncharged materials, RODs increase with increasing strain, and are highest near the 
constrained grain boundaries, indicating a dependence on dislocation slip activity [30]. Hydrogen 
increases dislocation activity and appears to increase the influence of grain boundary constraints. 
In this way, hydrogen is expected to enhance RODs but not necessarily slip traces. However, the 
fact that neither RODs nor slip traces appear to capture all of the internal plasticity, as discussed 
in the previous section, indicates that the length scales associated, on the order of several μm, are 
too large to capture the full microstructural evolution and that surface analysis must be 
supplemented by analysis of internal microstructures. 
The interpretation of hydrogen embrittlement and effects on plasticity through SEM analysis of 
slip traces on surfaces has yielded mixed results in the past [18]. Hydrogen has been observed to 
allow for extensive slip trace formation even on intergranular fracture surfaces (and also to allow 
for formation of other defects associated with ductile failure such as dimple formation) [11, 40]. 
On free surfaces, hydrogen has generally been shown to increase slip band spacing, increase step 
height, decrease the number of slip traces in different directions, and cause slip traces to become 
straighter and less wavy [18, 41, 42]. Conversely, other studies have shown that hydrogen 
decreases the spacing of slip traces [39] or increases the number of slip traces in different 
directions [43]. The current study found agreement with an increase in straightness, but 
conversely observed an increase in the number of slip traces in different directions in a grain and 
decrease in band spacing in hydrogen-charged specimens. The variation in results is considered 
representative of the inherent difficulty in using slip traces and surface measurements to assess 
plasticity in general. This difficulty is increased in the presence of hydrogen because it enhances 
plasticity at the microscale in ways that are difficult to detect at larger length scales. 
Some correlation was observed between local orientation gradients and topographical changes on 
the free surface near grain boundaries (not slip traces, but height differences across boundaries), 
both in uncharged specimens and in hydrogen-charged specimens near highly-deformed 
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boundaries, as shown in Figure 4.16 and Figure 4.25. This is attributed to the fact that it is easier 
to displace material on the less-constrained free surface. Where local compatibility stresses are 
high, such as around interior grain boundaries, it is reasonable to expect that displacements on 
the free surface would be increased. The observation that hydrogen increased the topographical 
changes across grain boundaries, as shown in Figure 4.11, suggests that grains in the bulk were 
more constrained in the presence of hydrogen. This could occur if local slip activity in the grain 
interiors was enhanced to the point of hardening in adjacent grains beginning at early stages of 
strain, requiring greater displacements on the only unconstrained surface. 
The cumulative effect of developing higher RODs within grains in hydrogen-charged samples 
was observed to manifest through significantly decreased rotation of the average orientation of 
an individual grain as a whole at the next length scale. 
5.3 Lattice Rotations and Texture Evolution 
One of the key results of this study was that hydrogen significantly reduced average lattice 
rotations of individual grains, that is, the average orientation across a grain area changed less 
from the initial state with strain in hydrogen, Table 4.2. The magnitude of the reduction in 
rotation appeared to be somewhat dependent on grain orientation, such that near-<001> grains 
were most affected by hydrogen, and near-<111> grains were least affected, although this effect 
was slight and more prevalent in the specimens strained to 8%. As a result, the generally 
preferred <111> texture that tends to develop in FCC metals [44] did not develop as strongly in 
hydrogen-charged specimens, and occasionally was not present at all, as shown in Figure 4.9 and 
Figure 4.31. The influence of hydrogen on grain rotations has not been extensively investigated, 
but provides another avenue to tie microscale plastic effects to deformation response at higher 
length scales.  
In uncharged specimens, Type 1 grains (near-<011> initial orientation) were observed to rotate 
the most by a large margin, followed by Type 2 (near-<001>) grains, and lastly Type 3 (near-
<111>) grains, although the difference between Type 2 and Type 3 grains was comparatively 
small. This is in agreement with measurements of grain rotations made in aluminum under 
tensile deformation via x-ray analysis [45]. In the aluminum study, as grains rotated to new 
orientations, the direction of rotation evolved, indicating that the direction of rotation was 
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dependent on the slip systems activated by the grain orientation to the applied stress [46]. This is 
expected in grains within a polycrystal, which have been shown to activate slip on the most 
stressed systems according to grain orientation to the applied stress. Grains in polycrystals are 
also heavily constrained, such that successive lattice planes cannot freely displace and lattice 
rotation is required to maintain compatibility [47]. A connection can be made to the number of 
slip systems, such that crystals initially oriented for dislocation glide on the fewest intersecting 
systems, those near the <011> corner and in the middle of the stereographic triangle, are those 
that rotate the most. The similar magnitudes of rotation observed in grains with initial 
orientations near <100> and <111> corners oriented for multislip indicate that they are relatively 
stable orientations and dislocations can slip on the most-stressed planes without causing as much 
reorientation overall. This is in agreement with theory proposed by Kuhlmann-Wilsdorf et al. 
[48], which found that equal activation of dislocations on multiple slip systems with different 
Burgers vectors reduced rotations compared to orientations with unequal activation of slip 
systems. 
In hydrogen, the magnitude of rotations was significantly reduced, on average by approximately 
42%. At 8% strain, the effect was largest for near-<001> oriented grains and smallest for near-
<111> oriented grains. At 9.5% strain, the reduction in rotation was similar for grains of all 
initial orientations. The suppression in rotation is attributed to the following factors. First, the 
reduction in cross slip due to hydrogen is considered to be responsible for the increased effect of 
hydrogen to reduce rotations in near-<001> grains at 8% strain. The near-<001> polyslip region 
can normally rotate in any direction because it has eight slip systems active, with multiple sets of 
codirectional systems available and easy cross-slip [44]. Reduced cross slip in the presence of 
hydrogen would restrict rotations that normally occur in uncharged specimens, so dislocations 
would be less able to move onto new planes and adjust the rotation direction or avoid obstacles 
as the deformation evolves. This would account for the apparent increased influence of hydrogen 
on rotations of near-<001> grains, which form equiaxed cells that are correlated with free 3D 
movement of dislocations due to cross slip, compared to near-<111> oriented grains, which also 
deform by multislip but do not ordinarily rely on significant cross slip [36].  
For grains of all initial orientations, lattice rotations typically increase with increasing strain in 
uncharged materials [30, 46, 49]. Logically, there are two primary ways for a reduction in 
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rotation of grain average orientations to occur despite increased intragranular plasticity. First, 
reduced rotations could occur if fewer local regions within a grain rotated with respect to the 
applied stress, while other regions rotated in the expected manner. This could occur if parts of 
grains were hardened such that plasticity is localized, for example in the presence of an 
inhomogeneous distribution of precipitates or for significant dislocation content within a grain. 
The second possible way for the reduction in rotations to occur despite increased intragranular 
RODs would be for rotations of regions within grains to occur in opposing directions. In either 
case, the rotation of the grain average orientation is decreased if the deformation response across 
the grain interior is less homogeneous in response to the applied loading. In uncharged 
specimens, it has been shown that lattice rotations are impeded near grain boundaries due to the 
local constraints, which is also why RODs tend to be highest near grain boundaries [31]. 
Essentially, grains in a polycrystal deform plastically in response not only to the applied stress, 
but also to compatibility stresses and strains, and this effect is typically localized in sub-regions 
within grains. Correspondingly, grain boundary mantle regions have been shown to be larger and 
contain greater RODs when the two adjacent grains exhibit large differences in Taylor factor, in 
other words for which compatibility constraints are highest [32].  
HELP effects to increase dislocation generation, enhance mobility, and decrease dislocation 
spacing [4] decreased the dislocation cell size and accelerated microstructural development in the 
current experiment. The presence of hydrogen was proposed to both increase plasticity in 
response to local stresses and increase hardening of the matrix and dislocation structures. 
Together, the hydrogen-enhanced hardening and increased response to local constraints are 
proposed to reduce rotations by reducing the ability of the grain in total to respond to the applied 
stress, and decreasing the homogeneity of the response in a grain interior. The presence of 
hydrogen was not observed to change the directions of rotations of the grain average orientation 
from those expected based on grain initial orientation to the applied stress [46], indicating that 
the same general slip systems were still activated by the applied stress in the presence of 
hydrogen. However, hydrogen increased segmentation of grains and increased RODs in the 
current study, as shown in Figure 4.13 and Figure 4.35 and discussed in section 5.2. This 
indicates an increased influence of local constraints on deformation response in hydrogen-
charged specimens. Additionally, hydrogen has been proposed to reduce the ability of dislocation 
structures to distort with increasing strain in previous sections. If this is taken to be in effect, then 
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such prematurely hardened dislocation structures would additionally constrain the system from 
rotating and deforming normally by inhibiting dislocation slip as strain increases, as has been 
shown for relatively impenetrable high-angle GNBs which harden materials at high strains [33]. 
Similarly, the generally increased dislocation density and decreased dislocation spacing observed 
in hydrogen would provide more obstacles for dislocations activated by the applied stress, 
reducing their ability to glide across the grain and rotate the lattice with increasing strain [9]. The 
hardening of the lattice due to hydrogen-induced acceleration of the microstructures and the 
decreased homogeneity of the intragranular response are expected to combine to cause the 
reduction in lattice rotations, since this reduction was large (approximately 42% on average). 
The effects of hydrogen on dislocation structures in the initial stages of strain likely have a 
strong effect on the rotation behavior and texture development. Grains with very different Taylor 
factors tend to have larger compatibility stresses and strains [32]. When adjacent grains can 
simultaneously rotate substantially toward a stable final <111> orientation from the initial stages 
of strain, they consequently reorient to have similar Taylor factors at an earlier stage, and 
compatibility constraints are reduced at large strains. If grains are inhibited from rotating towards 
a similar orientation at the beginning of plastic deformation, as would be expected in the 
presence of hydrogen-enhanced hardening, compatibility stresses and strains remain near their 
initial values for longer, increasing the influence of the grain boundary region on the evolution of 
deformation microstructure increasingly as strain develops. This is expected to contribute to the 
observed reduction in <111> texture development in all hydrogen-charged specimens with strain, 
since local plasticity in response to compatibility constraints has increased influence on rotations.   
The results indicate that the particular effects of hydrogen on microstructural evolution are such 
that it becomes more difficult to detect hydrogen-enhanced plasticity, particularly with surface 
techniques, as length scale is increased. For example, intragranular RODs increased in the 
presence of hydrogen, but overall rotations of the grain average orientation actually decreased, 
which could be erroneously interpreted to indicate less plasticity occurred. Yet hydrogen was 
confirmed to enhance the plasticity at the microscale, largely attributed to the HELP mechanism 
and microstructural acceleration [2, 4]. This is a key aspect of the current study, as it illustrates 
that a missing link between enhanced mobility of dislocations and reduced macroscale ductility 
is a matter of length scale. 
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5.4 Grain Boundary Deformation and Intergranular Plasticity  
5.4.1 Grain Boundary Deformation at the Macroscale 
A significant finding of this study was the observation that grain shapes appeared to change less 
in the presence of hydrogen for equivalent macroscopic strains, particularly with respect to 
elongation along the tensile axis, Table 4.3. This effect has not been extensively reported, likely 
because for failed specimens, the difference in elongation between hydrogen-charged and 
uncharged specimens could be interpreted be a consequence of the reduced strain at failure in the 
presence of hydrogen, not an effect of hydrogen specifically on the evolution of grain boundary 
morphology. Thus the effect is most obvious for specimens strained to the same level of 
macroscopic strain. However, even for the hydrogen-charged specimen that failed at 15% strain, 
little reorientation of grain boundaries or grain elongation was observed, despite extensive 
intragranular plasticity. The apparent reduced ability of grain boundaries to reorient along the 
tensile axis in the presence of hydrogen provides a key link between hydrogen effects at different 
length scales.  
In uncharged materials, many questions remain regarding the evolution of grain morphology 
with strain, although some general behaviors have been identified phenomenologically. It has 
been consistently observed that grains elongate along the loading direction under deformation, 
particularly under tensile loading [30, 50-54]. Greater misorientations tend to develop in the 
grain boundary mantles [30], and an increased density of slip traces and enhanced dislocation 
density is generally observed in the mantles as well compared to grain interiors [20]. This 
indicates that grain elongation can be related to local plastic processes. Plastic processes local to 
the grain boundaries have been attributed to the presence of additional stresses arising from a 
need to maintain compatibility between grains that respond differently to the applied stress [25]. 
It has been shown that neighboring grains with large differences in orientation to the applied 
stress tend to develop the largest grain boundary mantle regions with different plastic response 
than the grain interiors [32], indicating greater compatibility constraints. In other words, 
neighboring grains with increasingly different plastic responses to applied stresses tend to exhibit 
increasing influence of intergranular interactions. Accordingly, it has been shown that grains in 
polycrystals frequently form clusters such that domains of similar RODs and plastic strain levels 
extend across several grains, and that some local regions can exhibit local strains several times 
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higher than the macroscopic strain [55-57]. Together, these effects indicate that the evolution of 
grain morphology with deformation is intimately tied to cooperative deformation of neighboring 
grains, compatibility considerations, and deformation in response to local stresses and 
constraints.  
Hydrogen effects on plasticity can provide an explanation for the apparent reduced elongation of 
grains in the current study. The accelerated formation of dislocation cells, attributed to hydrogen 
increasing dislocation density and mobility while reducing dislocation spacing, was proposed to 
harden the matrix. HELP was also proposed to cause the increased plastic deformation within 
grains in response to local constraints, and the decreased rotations of grains in response to 
applied stresses. These effects are proposed to compound with increasing strain due to the 
influence of compatibility constraints. Compatibility constraints act in opposing directions in 
adjacent grains [25]. Hydrogen acting to enhance the generation and velocity of dislocations in 
response to compatibility constraints in a grain would essentially increase the influence of 
neighboring grains. However, this enhanced local response could also act to localize plasticity 
within grain interiors, unlike what is observed in uncharged materials with grain clusters, in the 
following way. Different grain boundaries around a single interior grain can be expected to enact 
different local stresses. Operation of HELP would increase the response of the grain interior to 
all adjacent grains, such that greater plasticity evolves even from relatively compatible adjacent 
grains compared to the uncharged case. This would decrease the ability of grains to reach stable 
final orientations over the majority of the grain volume. Consequently, a greater fraction of the 
grain interior could be presumed to remain near the initial orientation for longer. This would 
increase the amount of dislocations generated that would normally cause the grain to rotate 
towards a stable orientation in response to the applied stress. Such an effect is only speculated 
since the relative activity of different slip systems was not determined in the current study, but 
would be in accordance with observations of overall increased dislocation density. All of these 
effects of hydrogen on dislocation activity would contribute to dislocation structure refinement in 
the grain interiors and hardening. This, in addition to reduced rotations, would lead to grain 
interiors that are less able to reach orientations that are in equilibrium with their surroundings 
and to elongate in the direction of applied stress. These factors could lead to decreased overall 
changes in the grain morphology despite hydrogen acting to increase local plastic response in 
grain interiors. Essentially, hydrogen makes it easier for grain interiors to respond to local 
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constraints, which conversely makes it more difficult for grains to respond cooperatively to 
applied loads. 
Reducing the grain size in uncharged materials has been shown to increase the yield strength and 
to increase the uniformity of dislocation structures across a grain interior [34, 58, 59]. Reducing 
the grain size has also been shown to reduce the effect of hydrogen embrittlement [60, 61]. This 
effect may appear not to fit with results of the current study, which indicate that hydrogen 
increases the response to compatibility constraints. Compatibility constraints are expected to be 
more stringent in polycrystals with decreasing grain size [59]. Additionally, hydrogen-charged 
specimens with the smallest grains tended to show the most hardening and fail earliest in the 
current study, for example grain sizes in H6.7, H6.2, and H9.5 were 50-60 μm and showed the 
highest hardening rates, while H15 had a grain size roughly 100 μm and showed a very similar 
hardening rate to U25. This indicates that the effect may be system dependent and may reflect 
the material-dependent amount of strengthening obtained by decreasing the grain size or other 
material-specific factors. However, in order to verify such an effect, the deformation 
microstructure would have to be compared in specimens of different grain sizes at various stages 
of strain. 
5.4.2 Grain Boundary Evolution at the Microscale 
At the microscale, S/TEM liftouts indicated that formation of large steps or facets on internal 
grain boundaries was suppressed in the presence of hydrogen. Large steps or facets are defined 
here as distortions in the grain boundary plane of approximately 30 nm – 1 μm or greater. All but 
two internal grain boundaries maintained approximately straight, flat configurations in the 
hydrogen-charged samples, despite frequent intersections of grain boundaries with dense slip 
bands. One of the two internal grain boundaries that showed substantial step formation was 
observed intersecting an intergranular facet on a fracture surface, as shown in Figure 4.29, and 
the other was observed intersecting a microcrack at a triple junction, Figure 4.30. Both stepped 
boundaries were surrounded by areas with high dislocation density and local ROD fluctuations, 
indicating that they were located in high-stress, high-strain regions [62], as shown in Figure 4.29 
and Figure 4.30. Slip bands intersecting the internal boundaries that remained flat in hydrogen-
charged specimens frequently exhibited large misorientations across their walls and caused 
disruptions where they intercepted the free surfaces, for example as shown in Figure 4.23. This 
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indicates that although the slip bands caused local rotations in the grain matrix which were 
observed in S/TEM, the boundary plane was not rotated in the same way where slip bands 
intersected it. This is in opposition to observations in the uncharged specimen, for which each 
boundary investigated showed significant distortion at the location of GNB intersections with 
grain boundaries, as shown in Figure 4.16, Figure 4.19, and Figure 4.22. Additionally, high local 
curvature of the grain boundary was observed when misorientation fluctuations were high in one 
of the adjacent grains in uncharged specimens, as shown in Figure 4.16 and Figure 4.25. This 
indicates that plastic deformation of the grain boundary or, in other words, grain boundary 
evolution and grain boundary distortion, is suppressed in the presence of hydrogen. This is 
interpreted at the microscale through the influence of hydrogen on plasticity in and around grain 
boundaries.  
As grains become more elongated at large strains, the grain boundary area increases [63]. In 
order for a grain boundary to elongate along the tensile axis and increase in area, some plastic 
deformation of the grain boundary would be required. Deformation of adjacent grain mantles 
alone would not increase the grain boundary area or allow for permanent shape changes to the 
boundaries which are observed. Deformation of only grain interiors in the direction of strain 
alone has also been shown not to account for all of the observed grain shape changes under 
tensile loading [64]. That is, grain boundaries were observed to elongate in the direction of 
tensile loading to a greater degree than the grains themselves elongated, indicating that more of 
the volume became occupied by grain boundaries with increasing strain [64]. This indicates that 
grain boundary changes and reorientation along the loading direction are accommodated not only 
by grain interior rotations and plasticity in grain boundary mantle regions, but also by plastic 
deformation and a type of migration of the grain boundary itself. Additionally, even if the 
boundary were a hard, undeforming obstacle, reorientation of the boundary along the tensile axis 
would require rotation of the adjacent regions of both grains; if only one mantle region were to 
rotate or deform significantly, the boundary would not change shape and the morphology would 
only evolve in the deforming grain. This may occur to some extent, for example if one adjacent 
grain is of a “soft” orientation and one is “hard” with respect to the applied stress [65] or in the 
case of significant blockage of slip at low strains [66]. However, boundaries are rarely perfectly 
resistant to slip or accommodation of dislocations, and such behavior generally would not 
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account for the majority of boundaries in a ductile deforming polycrystal that undergoes 
morphology evolution.  
These observations have important implications for deformation of grain boundaries at the 
microscale at large strains. Evolution of grain morphology due to plastic deformation of coarse-
grained specimens at ambient temperatures can be viewed as dependent on two primary 
mechanisms. First, deformation of the grain boundary plane itself evolves through interactions 
with lattice dislocations, particularly slip transmission. Second, the evolution of grain 
morphology depends on the communication of not only elastic, but also plastic strain between 
the grains and concerted rotation of the adjacent regions. Thus, the meso- or macro-scale 
evolution of grain morphology cannot be treated as occurring through deformation isolated 
grains which develop mantles in response to compatibility stresses of adjacent grains. Rather, 
neighboring mantle regions and grain boundaries themselves must be treated as plastically 
deforming, highly interactive, continuous regions that evolve cooperatively to change grain 
boundary structures.  
In early stages of strain, the communication of plastic strain across grain boundaries has been 
analyzed based on observations of strain gradients measured by DIC or transmission of slip 
bands [57, 65, 66]. In situ TEM straining experiments have shown that when many slip 
transmission events are allowed to proceed at the same location, disruption of the boundary and 
formation of a step can occur [67, 68]. However, such transmission of slip has primarily been 
investigated at relatively low strains, or on the surface in some fatigue studies in which the 
development of stress and strain is more complicated than for monotonic loading [57, 65, 66]. At 
intermediate to large strains, TEM analysis of subsurface dislocation structures across grain 
boundaries shows complex microstructures in near-boundary regions that extend into grains 
distances comparable to the size of grain boundary mantle regions observed on the surface [69]. 
Typically, dislocation structures near boundaries are similar to the grain interior structures, 
although frequently with increased dislocation density [20, 34]. However, a slightly increased 
tendency of grain boundary regions to develop equiaxed cells has also been observed, which is 
expected in regions of multiple slip activity such as near boundaries [69]. These results indicate 
that slip transmission which causes grain boundary step formation may generally be a relatively 
early-stage strain mechanism in uncharged materials. This is interpreted to be a result of the 
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formation of dense, advanced dislocation structures near grain boundaries that occurs at larger 
strains. 
The influence of hydrogen on early stage slip transmission processes has not been directly 
observed experimentally, so interpretation based on the current results is largely speculative. In 
uncharged materials, slip transmission has been shown to occur in essentially three stages [70]. 
First, lattice dislocations intercept the grain boundary and are accommodated in it, increasing the 
local disorder. Second, the accommodated dislocations may remain extrinsic or become intrinsic 
to the boundary, and may optionally exhibit mobility along the boundary, depending on the 
geometry [68, 71]. Third, new dislocations are nucleated and emitted from the boundary due to 
the local stresses and disorder induced by initial dislocations.  
Hydrogen has been shown to enhance dislocation mobility not only of lattice dislocations, but 
also of dislocations gliding along a grain boundary, although it was not determined whether the 
dislocations were accommodated in the boundary or gliding on a parallel plane [72]. The 
influence of hydrogen on the ability of dislocations to be accommodated in the grain boundary 
has not been determined experimentally. However, it could be expected that hydrogen 
atmospheres in dislocation stress fields would not reduce the ability of dislocations to move into 
the grain boundary plane, as hydrogen is attracted to and trapped in grain boundaries [73]. 
Numerous simulations have been performed to investigate the affinity of hydrogen to grain 
boundaries, and the attraction has been attributed to increased local free volume [74, 75] or local 
volumetric considerations [76] in grain boundaries allowing for hydrogen to reside more easily 
in certain sites. Dislocations accommodated in the grain boundary are expected to increase the 
local disorder [68], but the barrier to this increase in disorder could be speculated to be higher 
when disorder is already high due to hydrogen on grain boundary sites. Additionally, MD 
simulations of dislocation slip transfer across a grain boundary in Fe with hydrogen on the grain 
boundary did not report any influence of hydrogen on dislocation penetration of grain boundaries 
[77]. 
At the next stage of slip transmission, the influence of hydrogen on the ability of dislocations to 
glide within the grain boundary upon accommodation is even less clear. MD simulations in Fe 
indicated that the presence of hydrogen on a grain boundary may slightly increase the propensity 
of dislocations to slip along the boundary before transmitting [77]. However, in the simulations, 
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hydrogen was specified to occupy sites on the grain boundary and was not present in the lattice. 
Additionally, effects of hydrogen on the transmission of multiple dislocations were not 
investigated due to the limited temporal scale and complexity in MD simulations [78]. 
Experimentally, although hydrogen was observed to enhance the velocity of dislocations gliding 
parallel to a grain boundary, it was not determined whether the dislocations were on an adjacent 
plane or incorporated in the boundary itself [72]. Thus the influence of hydrogen on grain 
boundary dislocation dissolution or glide is inconclusive. 
With respect to the final stage of slip transmission, nucleation of a new dislocation, hydrogen has 
been shown to increase dislocation generation in accordance with the HELP mechanism [2, 4]. 
This has been attributed to hydrogen reducing the dislocation line energy [79] or reducing the 
energy to create a free surface [80], although in deformed materials it is attributed to increased 
mobility of dislocations in a field of elastic obstacles [3]. Recent MD simulations have indicated 
that hydrogen in a grain boundary increases the free volume and generation of dislocations from 
the boundary in Ni [75]. Thus, hydrogen could be expected to increase the ability of grain 
boundaries to nucleate and emit dislocations from regions with accommodated dislocations. In 
the current study, even grain boundaries that remained flat with strain in hydrogen-charged 
specimens appeared to be emitting dislocation half loops, frequently into both adjacent grains, as 
shown in Figure 4.21 and Figure 4.42. The results are interpreted to indicate that hydrogen is 
most likely to enhance emission of new dislocations, but do not provide evidence that hydrogen 
would reduce slip transmission specifically. This is counter to results of MD simulations of slip 
transmission of a single dislocation in Fe, which showed that hydrogen appeared to increase the 
energy barrier for dislocation transmission across a boundary and cause transmission to become 
more indirect [77]. This indicates that the influence of hydrogen on slip transmission may be 
complex and difficult to capture in spatial or temporal scales available in simulations. Without 
knowledge of the dynamic interactions of dislocations within the grain boundary, little can be 
inferred regarding the influence of hydrogen on slip transmission. 
The influence of hydrogen on the development of dislocation structures in adjacent grain 
boundary mantles may provide key evidence for the reduced step formation in grain boundaries. 
Hydrogen acting to enhance dislocation generation and mobility [3, 4], particularly from early 
stages of strain, was interpreted to increase the plastic response to local constraints, as discussed 
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in previous sections of the current study. This would increase dislocation density and 
microstructural evolution, particularly near grain boundaries, and would occur starting from the 
initial stages of strain. Such an effect could be exacerbated by hydrogen shielding acting to 
reduce dislocation interspacing, such that grain boundary sources emitting dislocations into 
pileups in early stages of strain would be less affected by back-stresses and could emit more 
dislocations. Additionally, hydrogen increasing mobility of dislocations in a field of elastic 
obstacles [3] would allow the grain interiors to continue deforming by dislocation slip even when 
refined dislocation structures have formed. This reduced barrier to lattice dislocation slip due to 
hydrogen could be speculated to reduce the necessity of slip transmission in early stages of 
deformation, since grain interiors would be able to deform more easily in response to the local 
constraints. This effect could be speculated to reduce the occurrence of many transmission events 
from the same location which would form a substantial step in the boundary plane and increase 
the local strain energy density significantly. Additionally, hydrogen in the grain boundary which 
diffused along the boundary plane could enhance more diffuse generation of dislocations from 
the boundary at distances removed from the local slip band intersections. This could allow 
continued slip transmission in one particular spot, which typically introduces a step to the 
boundary, to occur less frequently. Additionally, the accelerated development of the 
microstructure in the presence of hydrogen could allow for premature hardening of dislocation 
structures near grain boundaries, reducing the formation of large local steps into the hardened 
region. In this way, significant disruptions of the boundaries due to slip transmission, 
disconnections, or other dislocation interactions would be reduced beginning in the early stages 
of deformation in the presence of hydrogen. In uncharged specimens, microstructures do not 
develop as quickly. Many slip transmission events can occur in the same place across a grain 
boundary at low macroscopic strains, causing steps to form and grain boundary curvature to 
develop, as has been observed in previous studies [67]. This explains the differing dislocation 
structures observed between grain interiors and regions within approximately 5 μm of grain 
boundaries in uncharged specimens as well, for example as shown in Figure 4.22. 
The interaction of dislocations with grain boundaries is important to setting up the conditions for 
failure. Even if slip transmission is assumed not to be significantly affected, and it is assumed 
that dislocations remain easily accommodated in grain boundaries, deformation would create a 
dynamic exchange of dislocations with grain boundaries [4]. A dynamic exchange of 
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dislocations with the grain boundary would have the additional effect of creating a similar 
dynamic evolution of hydrogen content near the grain boundary due to dislocation transport of 
hydrogen atmospheres. Dislocations with hydrogen atmospheres that approach the boundary may 
deposit hydrogen into the deep, irreversible trapping sites in grain boundaries upon intersection 
[11]. Emitted dislocations may not carry as much hydrogen with them out of the boundary as 
was deposited by incoming dislocations, as the grain boundary represents a deep trap [73] due to 
the lower segregation energy of hydrogen to the boundary and higher local free energy [75, 81]. 
Such processes would lead to locally high hydrogen content on the boundary, which is expected 
to decrease the cohesive energy and weaken the boundary [82]. Although the exact relationship 
is unknown, it has generally been shown that increasing hydrogen concentration on grain 
boundaries increases the effect on boundary cohesive energy, at least up to some system-
dependent limit [74, 83, 84]. In the absence of dislocation transport, the degree of intergranular 
failure has been shown to depend on the grain boundary content of hydrogen [82]. Increased 
hydrogen coverage due to dislocation transport could similarly weaken the boundary and 
enhance conditions for intergranular failure.  
5.4.3 Hydrogen Effects on Fracture Surface Features 
As deformation proceeds in later stages of the deformation, secondary mechanisms of strain 
communication between grains may take over to accommodate compatibility constraints in 
uncharged specimens. Such mechanisms include dynamic recovery mechanisms, distortion of 
existing dislocation structures, and microband formation. In the current study, these mechanisms 
were indicated to be less operative in the presence of hydrogen. This is interpreted to indicate 
that the presence of hydrogen enhances plasticity in grain interiors such that they essentially 
operate more independently. In other studies, embrittling elements such as Sb in Cu have been 
shown to reduce cooperative rotation of multiple grains, appearing to confine domains of similar 
deformation to within individual grains [56]. However, most other embrittling agents or grain 
boundary poisons besides hydrogen tend to reduce plasticity and create fracture surfaces with 
less evidence of plasticity and more cleavage-type features [85-87]. Hydrogen-induced 
intergranular fracture features generally show evidence for plasticity in the form of significant 
slip steps [37, 82, 87, 88]. Additionally, hydrogen appeared to decrease formation of substantial 
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steps on internal grain boundaries in the current study, requiring additional explanation for the 
observation of steps on intergranular fracture surfaces. 
The difference between the effects of hydrogen compared to other embrittling agents may be 
attributed to hydrogen effects on plasticity. Sulfur, for example, has been shown to harden grain 
boundaries and enhance intergranular failure in Ni, attributed to a decrease the cohesive energy 
[89]. Similarly, other poisons such as phosphor and arsenic present on grain boundaries have 
been shown to work cumulatively with hydrogen to enhance intergranular failure [85]. These 
other poisons which enhance intergranular failure have been shown to both decrease the cohesive 
energy and act as pinning points to dislocations, reducing dislocation emission from the interface 
[89]. Grain boundary segregants which increase plasticity are typically associated with an 
increase in cohesive energy, for example boron in Ni3Al [90]. Hydrogen conversely decreases 
the cohesive energy [91-93], but enhances dislocation mobility in the regime of temperature and 
strain rate in which hydrogen embrittlement occurs [3]. Thus, hydrogen causes early failure 
similar to other embrittlers, but the fracture surface morphology reflects the interior deformation 
microstructure, which is extensive in hydrogen-charged specimens. 
Although hydrogen appeared to suppress formation of significant grain boundary steps at early to 
intermediate stages of strain and on internal grain boundaries, some grain boundaries were 
observed to form steps adjacent to cracked or failed regions, as shown in Figure 4.29. This 
indicates that although the accelerated microstructural development in the presence of hydrogen 
may reduce grain boundary step formation initially, at large strains plastic deformation of the 
grain boundaries may still occur. This effect was particularly evident for microbands, which 
were frequently observed to intersect steps on fracture surfaces and the stepped internal grain 
boundaries near fracture surfaces, as indicated in Figure 4.27 and Figure 4.29. As discussed in 
section 5.1, microstructures were advanced enough to require strain relief via other mechanisms 
than cell structure refinement in hydrogen-charged specimens. These results indicate that sharp, 
localized steps on fracture surfaces in hydrogen-charged specimens may frequently result from 
advanced plastic deformation mechanisms. 
Conversely, broad, shallow slip steps on intergranular fracture surfaces in hydrogen-charged 
samples were observed to correlate with subsurface GNBs, as shown in Figure 4.27. This may be 
a result of the advanced microstructure, which was observed to be most advanced in grains 
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adjacent to fracture surfaces, for example as indicated in  Figure 4.17, Figure 4.18, and Figure 
4.27. Although hydrogen-enhanced hardening of near-boundary regions may discourage grain 
boundary step formation in initial stages of strain, the high stresses and strains near fractured 
regions could induce grain boundary disruptions in late stages. Additionally, strains may be 
concentrated at GNB intersections with grain boundaries, where deformation of the grain 
boundary plane is suppressed by compatibility requirements [25]. The separation of the grain 
boundary would remove this constraint and allow for residual displacements developed in GNB 
walls to proceed at the surface after separation. This would explain the observation that steps 
were observed on one surface of an intergranular microcrack, where perpendicular GNBs in the 
underlying grain intersected it, but were not observed on the opposite surface, where GNBs did 
not intersect the surface, as shown in Figure 4.30.  
The correspondence of steps on intergranular facets with underlying microstructures is not exact, 
and has been shown not to capture the complexity of dislocation structures, as shown in Figure 
4.27 and Figure 4.29 and in previous studies [11, 37]. This is proposed to occur for two reasons. 
First, hydrogen appears to suppress the distortion of grain boundaries until later stages of strain, 
while simultaneously accelerating the microstructure near boundaries. This reduces the influence 
of dislocation structures on the evolution of grain boundary facet or step features prior to failure. 
Second, as was discussed in a previous section, topography on specimen surfaces generally is not 
a sufficient metric by which to judge plasticity, even in uncharged specimens, and the effect may 
be exacerbated in the presence of hydrogen. 
5.5 Microcrack Formation 
The initiation of damage is a critical step in the hydrogen embrittlement process. In the current 
study, two key observations were made regarding microcrack formation. First, the level of plastic 
deformation at the initiation of microcracking was observed to scale directly with the number of 
microcracks formed. This indicates that increasing strain increases the statistical likelihood of 
nucleating a crack. In other words, plastic strain is linked to creating local conditions favorable 
for initiation of damage.  
Other studies have shown that intersection of localized slip bands with each other, grain 
boundaries, and other obstacles to slip such as precipitates appear to be favorable sites for 
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damage nucleation in steels embrittled by hydrogen [94-96]. These results were interpreted based 
on observations of microvoid nucleation at slip band intersections and the formation of slip steps 
on fracture surfaces [95, 96]. They were interpreted to indicate that hydrogen embrittlement 
occurs by localization of slip into planar bands, which concentrated stress at band intersections 
with obstacles in the same way that stress is concentrated at the head of a single pileup of 
dislocations, which caused nucleation of microvoids [94, 96]. However, surface slip traces 
cannot be assumed to correspond to simple planar bands or dislocation pileups [4, 11, 21, 62]. 
The microstructural stress state is thus likely to be complex, and not to generate a simple stress 
concentration at band tips, with fluctuating stresses inside and across the band. The current 
results indicate that plastic deformation can influence crack nucleation even without bands of 
localized shear, indicating that slip band stress concentrations are not necessarily a requirement 
for hydrogen embrittlement. Instead, enhanced hardening and reduced ability of grains to 
maintain compatibility in the presence of hydrogen is proposed to create conditions favorable for 
damage nucleation at grain boundaries, particularly in the case of intergranular failure. 
Compatibility considerations which are proposed to heavily influence hydrogen-induced 
intergranular failure may influence hydrogen embrittlement of materials which fail by 
transgranular or quasi-cleavage modes as well. The hardening of the matrix within slip bands or 
dislocation walls due to enhanced dislocation density decreases the local ability of the material to 
deform plastically [14]. This restricts the ability of the material to maintain compatibility with 
adjacent regions, particularly if severe slip localization into bands has occurred. Damage will 
nucleate between incompatible regions.  
If a sufficient amount of hydrogen has been transported to the grain boundary and diffused along 
the grain boundary plane, the grain boundary will be weakened more than the lattice and become 
the lowest-energy fracture path, intergranular fracture will be initiated, and microcracks will 
propagate along grain boundaries [11, 82]. If large amounts of hydrogen are trapped in 
dislocation structures and slip localization into bands is significant, microcracks or voids may 
nucleate in the matrix along bands or at band intersections with obstacles, for example as was 
observed at slip band intersections in stainless steel [96]. In the current study, hydrogen 
increased formation and refinement of dislocation structures without slip band localization. In 
the absence of slip band localization, greater macroscopic strain developed prior to microcrack 
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initiation sets up a greater number of regions to initiate failure once the critical conditions have 
been achieved. This explains the increased number of microcracks observed in hydrogen-charged 
specimens that failed at larger macroscopic strains.  
The fact that most microcracks appeared to form nearly simultaneously in hydrogen-charged 
specimens in the current study indicates that the initiation of cracks is not just statistical, 
occurring randomly throughout the deformation process, but occurs when certain conditions are 
met. Previous studies of polycrystalline Ni indicated that a sufficient local hydrogen 
concentration on grain boundaries is required for intergranular failure [82]. Microcracks formed 
at stresses of 240-334 MPa in the hydrogen-charged specimens in the current study, which were 
higher than stresses observed in the uncharged specimens at equivalent strains, as shown in 
Figure 4.5 and Figure 4.32. This could potentially indicate a minimum stress requirement for 
microcrack nucleation, although the required stress would also depend on hydrogen 
concentration on the grain boundaries and local constraints. Simulations have shown that the 
reduction in cohesive energy due to hydrogen correlates with hydrogen coverage of the grain 
boundary [26, 83, 84], and that embrittlement is reversible after deformation if hydrogen is 
removed from the system before microcracks initiate [19]. Thus it appears that hydrogen-
enhanced decohesion is a necessary component of the final failure, and that the hydrogen-
enhanced acceleration of microstructure must be accompanied by dislocation transport of 
hydrogen to grain boundaries to initiate decohesion and intergranular failure [91]. 
Microcracks were also observed to form at opposite boundaries of the same grain in multiple 
instances. Grains that formed multiple microcracks exhibited no trend in estimated grain 
boundary types on both cracked sides, indicating that grain boundary character was not a 
determining factor. This indicates that microcrack formation may be dependent on grain internal 
characteristics. The most dominant grain characteristic in determining deformation response in 
uncharged materials has been shown to be the grain initial orientation with respect to the loading 
direction [97]. The initial orientation was known for only one of the grains forming multiple 
microcracks, and was found to be near-<111>. Similar experiments were performed on the FCC 
solid-solution high entropy alloy FeNiCrCoMn after hydrogen charging, which was observed to 
be susceptible to hydrogen embrittlement such that it formed microcracks and failed 
intergranularly [98]. A strong correlation between microcrack formation and initial grain 
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orientation near-<111> parallel to the tensile axis was found in the high entropy alloy. In that 
study, the specimen exhibited a strong <111> texture prior to straining, so the correlation may 
have been due to the high fraction of near-<111> grains. However, the results confirmed that 
microcracks frequently form around opposite boundaries of an individual grain in other FCC 
alloys than Ni, which indicates that characteristics of the grain interior can influence 
intergranular failure.  
If the indications that grains initially oriented with <111> parallel to the loading direction are 
more susceptible to cracking are correct, this would imply that these grains are more heavily 
influenced by hydrogen. Conversely, the current study indicates that grain rotations may be 
influenced less by hydrogen for near-<111> grains than other grains. However, <111> 
orientations tend to have the highest work-hardening rates in uncharged specimens [15], and 
generally show the fastest evolution of dislocation structures [33]. This is interpreted to 
compound with the effect of hydrogen to accelerate dislocation microstructure formation, such 
that already-high hardening in near-<111> grains is further increased in the presence of 
hydrogen. Grain interiors harden fastest in these grains, leading to less ability to accommodate 
grain boundary compatibility stresses with adjacent grains. Additionally, if neighboring grains 
did not exhibit a near-<111> orientation prior to straining, compatibility constraints would be 
correspondingly high at these boundaries. This leads to fracture of multiple boundaries at once as 
compatibility is significantly reduced for the entire near-<111> oriented grain, especially if the 
boundaries are oriented normal to the applied stress. Such a mechanism would have important 
implications for prediction of the onset of failure.  
5.6 Proposed Mechanism and Implications for Future Work 
The interpretation of the various results then leads to formulation of a mechanism for hydrogen-
induced intergranular failure as follows. At the microscale, operation of the HELP mechanism 
allows for hydrogen to increase dislocation density and decrease cell size, which accelerates the 
evolution of the dislocation microstructure and increases hardening in the grain interiors. The 
influence of this hardening on macroscopic stress-strain response is mitigated by hydrogen 
increasing the mobility of dislocations in the dislocation-dense matrix, which can cause the 
influence of hydrogen on macroscopic flow stresses to vary, similar to effects of slip localization 
and cathodic charging-induced hardening [8]. Hydrogen-enhanced dislocation generation and 
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mobility due to the HELP mechanism [4] also allow for enhanced dislocation activity in response 
to local stresses within grains, particularly those generated by compatibility constraints near 
grain boundaries. This increases the reference orientation deviations within a grain but also 
decreases concerted rotation of grains to preferred, stable orientations with respect to the applied 
strain. Dislocation structures which form in early stages of strain are surrounded by hydrogen 
atmospheres in complex arrangements, which may account for the observed decreased 
propensity of these structures to distort with increasing strain. This effect would add to 
segmentation of grains as deformation evolves and hardening. Hardening of grain interiors and 
enhanced response to local stresses reduces the overall ability of grains to elongate along the 
loading direction in response to the applied stress, and reduces cooperative rotation towards a 
preferred <111> texture and deformation of grains. The hardening of the matrix and reduced 
deformation of grain boundaries reduces the ability of grains to respond to applied stress and 
maintain compatibility, which sets up the microstructure for failure at lower bulk elongations in 
the presence of hydrogen. Particularly, grain boundaries between grains that exhibit large 
differences in plastic response or ROD distributions are set up for failure. Once dislocations have 
transported sufficient hydrogen to a grain boundary, the grain boundary is set up to be the 
weakest link in the system. The combination of the decreased ability of grains to deform 
compatibly in response to the applied stress and the weakened grain boundaries in the presence 
of hydrogen leads to initiation of damage. Microcracks then nucleate at grain boundaries, and 
microcracks on grain boundaries with connectivity to other weak boundaries or adjacent to other 
hardened grains propagate along the boundary. The material then fails intergranularly in a way 
that appears macroscopically brittle due to reduced evolution of grain boundary morphology with 
strain, despite significant hydrogen-enhanced localized plasticity within grain interiors. 
Several potential concerns about the viability of this mechanism must be addressed. First, one of 
the main caveats with respect to the HELP mechanism, upon which this mechanism relies, is a 
matter of concentration. The initial formulation of the hydrogen-shielding concept showed that 
the shielding effects were only significant at hydrogen concentrations of 0.1 atomic fraction or 
greater, which is significantly greater than the hydrogen concentrations which induce failure and 
that can normally be achieved [2]. This was recently addressed in simulations that found that 
weak hydrogen-hydrogen attractive interactions can dramatically increase the concentration of 
hydrogen in dislocation stress fields, even when lattice concentrations are low, to levels 
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sufficient to influence micromechanical properties [99]. Similarly, HEDE mechanisms would 
require extremely high hydrogen concentrations to cause intergranular failure or decohesion on 
their own, such that models frequently rely on the existence of a crack or stress concentration to 
locally enhance strain and hydrogen concentration [91]. Recent simulations have indicated that 
even with hydrogen occupying the maximum available sites on a grain boundary, the reduction 
in grain boundary cohesive energy was approximately 15-45% [74, 81, 83, 84]. This makes 
interpretation of hydrogen embrittlement by decohesion alone difficult, especially without the 
presence of a preexisting crack. Recent calculations have shown that a high local hydrogen 
concentration can be obtained away from a crack via dislocation transport [100], in agreement 
with experimental results of plastic deformation that showed hydrogen can be transported large 
distance under plastic deformation [101]. Together, these results indicate that although HEDE is 
necessary for the final failure to occur, the HELP mechanism and hydrogen influence on 
microstructural development is critical to locally attaining sufficient hydrogen concentration and 
sufficient conditions for intergranular failure.   
Hydrogen embrittlement does not require participation of grain boundaries, for example it has 
been observed in single crystals [24, 102] and hydrogen-induced cracking frequently occurs 
along carbide interfaces [94] or lath-martensite boundaries, exhibiting “quasi-cleavage” or even 
ductile microvoid coalescence fracture modes [103, 104]. In materials which do not fail 
intergranularly, operation of the HELP mechanism could still occur and allow for an accelerated 
evolution of the dislocation microstructure within materials. Increased dislocation density and 
microstructure acceleration has been observed in some materials which fail transgranularly or by 
quasi-cleavage [37, 62, 105]. The advanced microstructures could maintain the macroscopic 
appearance of little plasticity, work-hardening the matrix substantially and reducing the ability of 
the lattice to maintain compatibility between different regions. This could encourage nucleation 
of damage and fracture along hardened regions, which may be in the lattice or along elastic 
obstacles such as martensite laths. However, the hardening effect and grain compatibility effects 
reported in the current study could be less responsible for the final failure in other systems such 
as hydride-forming metals, which fail in a brittle manner along hydride interfaces [106, 107]. 
The proposed mechanism may have important implications for hydrogen embrittlement with 
respect to crack-tip deformation as well. It has been shown through EBSD and SEM studies that 
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hydrogen appears to localize plasticity into a smaller region surrounding a crack tip in fatigue 
loading [108]. However, the current results indicate that while the macroscopic appearance of 
grains and slip traces on the surfaces may appear to signify a reduction in plasticity, the 
subsurface plasticity can be enhanced to the point of work-hardening without being detectable on 
the specimen surface. As with similar studies using the FIB liftout technique [11, 21], this 
confirms that it is necessary to interrogate the subsurface dislocation microstructure to determine 
the deformation response. However, the current study additionally shows that the dislocation 
microstructure that develops must be systematically investigated away from fracture surfaces as 
well, and that deformation must be investigated across length scales to develop a complete 
understanding of how hydrogen effects on deformation promote embrittlement.  
Complete development of this mechanism into a predictive model would require further 
development of models of how microscale plasticity, slip transfer mechanisms, and deformation 
in grain boundary mantles influence the evolution of grain morphology and deformation at large 
strains. However, capturing deformation of grain boundaries and near-boundary regions remains 
one of the greatest challenges in predictive modeling, particularly when attempting to 
incorporate information at multiple length scales. Continuum models that do not incorporate 
plastic deformation of and plastic strain communication across grain boundaries have illustrated 
room for improvement in capturing the evolution of grain morphology in polycrystals [109]. 
Incorporation of knowledge of slip transmission criteria to predict the development of strain in 
polycrystals has shown some predictive capability, but requires scaling up to include many slip 
transfer events, the evolution of complex dislocation structures, and other methods of strain 
communication to accurately predict morphology evolution in response to plasticity [57, 66]. 
While compatibility due to grain boundaries is understood to influence the heterogeneous 
development of strain within grains in polycrystals, quantitatively accurate prediction of the 
rotations, misorientations, and slip activity near grain boundaries remains one of the primary 
challenges to predictive modeling [110-112]. However, the influence of hydrogen on mesoscale 
plasticity presents a promising new avenue for exploration of the relationship between 
microscale plasticity and macroscopic mechanical response, and how this relationship 
contributes to hydrogen embrittlement. 
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A method of linking the evolution of deformation across length scales was developed to 
investigate the influence of hydrogen on the mechanical response in polycrystalline nickel 
subject to tensile loading. The microstructure was systematically interrogated at different levels 
of macroscopic strain, with particular attention paid to microstructures near grain boundaries, to 
determine a possible mechanism for how hydrogen effects on plasticity at the microscale can 
lead to a macroscopic reduction in ductility and intergranular failure. 
Dislocation structure formation was significantly accelerated in the presence of hydrogen, and 
dislocation structures showed significantly more uniformity over length scales of up to 40 μm 
with increasing strain compared to uncharged specimens, particularly near grain boundaries. 
These effects were attributed to hydrogen enhancing dislocation generation and mobility in 
accordance with the HELP mechanism, and hydrogen forming complex atmospheres around 
dislocation structures that reduced the ability of structures to change as the microstructure 
evolved. Together, these effects caused dislocation density to increase in the presence of 
hydrogen, refining cell structures and leading to significant work-hardening in grain interiors. 
The enhanced plasticity at the microscale affected deformation at each increasing length scale. 
At the mesoscale, the spread in orientation deviations across grain interiors increased in the 
presence of hydrogen compared to uncharged specimens, but only slightly. At the next length 
scale, the average orientation of an entire grain was found to rotate in response to deformation 
less in hydrogen-charged specimens than in uncharged specimens at equivalent bulk elongations. 
This could only occur if plasticity was localized within the grain interiors, such that deformation 
within a grain was increased but less homogeneous with respect to the applied stress in the 
presence of hydrogen. The reduction in grain-average orientation rotations is considered to be a 
consequence of hydrogen allowing for enhanced generation and mobility of dislocations in 
response to more localized stresses within grains. This indicates a heightened response within 
grain interiors to localized compatibility constraints near grain boundaries in the presence of 
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hydrogen, which both hardened the matrix and reduced the overall ability of a grain to respond to 
the applied stress.  
The presence of hydrogen was also shown to reduce the elongation of grains along the loading 
direction and reduce changes to grain morphology with increasing strain. At the microscale, 
hydrogen was shown to significantly reduce the development of microscopic steps and curvature 
on interior grain boundaries where they were intersected by dislocation bands at low-to-
intermediate stages of strain. These effects, combined with the reduced total rotations of grain 
interiors, indicated that the ability of grains to respond cooperatively to the applied stress was 
reduced in the presence of hydrogen. When combined with observations of enhanced plasticity 
and accelerated microstructure development at the microscale, this suggests that enhanced 
plasticity in grain interiors resulted in hardening of the microstructure that reduced the ability of 
grains to maintain compatibility with increasing strain. Dislocations transported hydrogen to 
grain boundaries, many of which acted as fast diffusion pathways, leading to high concentrations 
along the grain boundaries. This weakened boundaries such that the high internal stresses and 
strains, produced by enhanced plasticity and a decreased ability of grains to maintain 
compatibility and respond to the applied stress, induced microcrack formation and failure. 
The initiation of microcracks in hydrogen-charged specimens was found to be dependent on the 
level of bulk strain, such that an increasing number of microcracks formed with increasing strain 
at the onset of microcracking. The prevalence or number of microcracks was not correlated with 
the stress at the onset of failure. This indicates that a threshold condition exists for microcrack 
formation and that increasing strain increases the likelihood of meeting that condition at a given 
point in the specimen. This supports the interpretation that work-hardening of grain interiors 
combined with a dynamic exchange of dislocations and hydrogen at grain boundaries develops 
conditions favorable for intergranular failure. The conditions for this intergranular failure  may 
be met more easily for grains that have higher rates of work-hardening due to their orientation 
along the loading direction, since the orientation dictates the multiplicity of active slip systems 
and the propensity for cross slip, and thus the work-hardening rate for that grain. This is 
interpreted as the reason for observations that microcracks frequently formed at opposite 
boundaries of the same grain.  
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Together, the results indicate that hydrogen reduces bulk ductility by enhancing local plasticity 
in a way that prematurely hardens grain interiors or normal transgranular fracture pathways and 
weakens intergranular fracture paths. The enhanced plasticity induced by hydrogen is evident in 
the microstructure from the early stages of strain to fracture and in the slopes of stress-strain 
curves, but evidence of enhanced plasticity becomes more difficult to detect on the specimen 
surfaces at increasing length scales. Thus understanding the process of hydrogen embrittlement 
must be approached across length scales, from the microscale and observation of dislocation 
structures to the mesoscale and macroscale. The necessity of combining observations from 
multiple length scales could explain the difficulty in detecting its influence using traditional 
metallographic analysis techniques on the surfaces of bulk specimens. This result has important 
implications for identification of hydrogen embrittlement of parts in service, as it indicates that 
even when cracks or deformation are not evident at the macroscale, meso- or microscopic 
analysis may provide a functional avenue to identify whether hydrogen has deleteriously affected 
the mechanical response. 
This work shows that microscale plastic processes must be understood and scaled up to higher 
length scales in order to develop predictive models of deformation and failure in polycrystalline 
materials, both in the presence and absence of hydrogen. 
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APPENDIX A 
MATLAB MTEX CODE FOR ASTAR DATASETS 
A.1 Example File Import and Combining Datasets
%% Specify Crystal and Specimen Symmetries 
% crystal symmetry 
CS = {...  
  'notIndexed',... 
  crystalSymmetry('m-3m', [3.524 3.524 3.524], 'mineral', 'Nickel', 'color', 
'light blue')}; 
% plotting convention 
setMTEXpref('xAxisDirection','east'); 
setMTEXpref('zAxisDirection','intoPlane'); 
%% Specify File Names 
% path to files 
pname = 'M:\__ImagesbyContent\_ASTAR\_LowStrain_9.5Percent\HC_95_111'; 
% which files to be imported 
fname = [pname '\HC_95_111_1_Edited.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 










ebsd = rotate(ebsd,rotation_z*degree ); 
ebsd = rotate(ebsd,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Import file 2 
% which files to be imported 
fname = [pname '\HC_95_111_2_Edited.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 




ebsd2 = rotate(ebsd2,rotation_z*degree ); 
ebsd2 = rotate(ebsd2,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd2=shift(ebsd2,[-4150 -300]); 
%% Import file 3 
% which files to be imported 
fname = [pname '\HC_95_111_3.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd3 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd3=ebsd3('Nickel'); 
%% Rotation 
ebsd3 = rotate(ebsd3,rotation_z*degree ); 
ebsd3 = rotate(ebsd3,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd3=shift(ebsd3,[-8500 -1900]); 
%% Import file 4 
% which files to be imported 
fname = [pname '\HC_95_111_4.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd4 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd4=ebsd4('Nickel'); 
%% Rotation 
ebsd4 = rotate(ebsd4,rotation_z*degree ); 
ebsd4 = rotate(ebsd4,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd4=shift(ebsd4,[-12700 -1000]); 
%% Import file 5 
% which files to be imported 
fname = [pname '\HC_95_111_5.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd5 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd5=ebsd5('Nickel'); 
%% Rotation 
ebsd5 = rotate(ebsd5,rotation_z*degree ); 
ebsd5 = rotate(ebsd5,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd5=shift(ebsd5,[-16450 -550]); 
%% Import file 6 
% which files to be imported 
fname = [pname '\HC_95_111_6.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd6 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd6=ebsd6('Nickel'); 
%% Rotation 
ebsd6 = rotate(ebsd6,rotation_z*degree ); 
ebsd6 = rotate(ebsd6,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd6=shift(ebsd6,[-20700 -500]); 
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%% Import file 7 
% which files to be imported 
fname = [pname '\HC_95_111_7_Edited.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd7 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd7=ebsd7('Nickel'); 
%% Rotation 
ebsd7 = rotate(ebsd7,rotation_z*degree ); 
ebsd7 = rotate(ebsd7,rotation('axis',yvector,'angle',rotate_y*degree)); 
%% Plot Z 
ebsd7=shift(ebsd7,[-24600 -1100]); 
%% Import file 8 
% which files to be imported 
fname = [pname '\HC_95_111_8_Edited.ang']; 
%% Import the Data 
% create an EBSD variable containing the data 
ebsd8 = loadEBSD(fname,CS,'interface','ACOM'); 
ebsd8=ebsd8('Nickel'); 
%% Rotation 
ebsd8 = rotate(ebsd8,rotation_z*degree ); 
ebsd8 = rotate(ebsd8,rotation('axis',yvector,'angle',rotate_y*degree)); 























% yname = [pname '\Map.tif']; 





% fig1.PaperPosition=[0 0 6.7 4]; 
% print(yname,'-dtiff','-r300'); 
A.2 Example Function- Plot Misorientations
function astarmisorientations(ebsd10,grains,pname) 
%% Plot Misorientations to Mean 
figure(3) 
plot(ebsd10,ebsd10.mis2mean.angle ./ degree) 
mtexColorMap WhiteJet 
figure(4) 
plot(ebsd10,ebsd10.mis2mean.angle ./ degree) 
mtexColorMap WhiteJet 
caxis([0 10]); 
cmap = colormap; 
cmap(end,:) = [1 0 0]; 
cmap(1,:) = [1 1 1];  
colormap(cmap) 
mori = ebsd10('Nickel').mis2mean; 
figure(6) 
plotAngleDistribution(mori,'resolution',0.25*degree); 
xlabel('Misorientation angles in degree') 
%% Annotations 






fig3.PaperPosition=[0 0 6.7 4]; 
print(hname,'-dtiff','-r300'); 






fig4.PaperPosition=[0 0 6.7 4]; 
print(gname,'-dtiff','-r300'); 




% xlabel('Distance from Leftmost Point of Line [nm]','FontSize', 
12,'FontName','Arial');  












fig1.PaperPosition=[0 0 6.7 4]; 
print('Mori_Map.tif','-dtiff','-r300'); 
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